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ABSTRACT
Two aspects of mechanical property improvement in a modern low carbon
copper bearing high strength low alloy ( H S L A ) steel have been investigated.
These aspects are precipitation hardening by fine copper rich particles and,
secondly, the production of fine packets of bainitic and martensitic structures
with retained austenite films.
The investigation involved a detailed study of the isothermal and continuous
cooling

transformation

characteristics

and

microstructural

evolution

in

commercially hot rolled samples of C R H S L A 8 0 steel, which is a low carbon low
alloy variant of the A S T M A 7 1 0 type structural steel. The TIT- and C C T diagrams were constructed by a combination of dilatometry and metallographic
methods.
It has been found that the austenite stabilising elements of copper, nickel and
manganese significantly suppress the decomposition of austenite to lower
transformation temperatures resulting in a prominent transformation region for
bainitic structures, at temperatures intermediate between those of diffusional
product (polymorphic ferrite) and the displacive transformation to martensite.
The intermediate transformation range involves two typical stages: (i) the
formation of a bainitic matrix at the early stage of transformation and (ii)
decomposition of remaining carbon enriched austenite regions at lower
temperatures.
In the intermediate region, the microstructures were largely characterised by a
bainitic matrix containing a high dislocation density, together with a minor
dispersed "island" phase. Either on continuous cooling or a short isothermal
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holding time (5 seconds) at intermediate temperatures (580-430 °C), the island
phase was identified as untempered twinned and lath martensite, autotempered
twinned and lath martensite, and martensite/austenite constituent, depending on
the level of carbon partitioning in the remaining austenite before quenching in
water. For a longer isothermal holding time, the carbon enriched austenite
regions decomposed to carbide and ferrite by coupled growth. Polygonal and
quasi-polygonal ferrite were observed to grow across and eliminate the prior
austenite grain boundaries at relatively high transformation temperatures. These
structures contained low dislocation densities and e-copper precipitates formed
by an interphase transformation mechanism.
At a cooling rate ranging from 0.35 to 20 °C/s, the structure was characterised
by a mixture of quasi-polygonal ferrite, Widmanstatten side-plate ferrite, and
bainitic structures associated with minor dispersed islands of martensite and/or
retained austenite which were dark etching on preparation for optical
microscopy. This microstructure develops by the following processes. The
Widmanstatten side-plate ferrite nucleates from the ferrite grain boundary
allotriomorphs at the early stage of transformation, together with the bainitic

ferrite plates which nucleate directly at the prior austenite grain boundaries. O
further cooling, the neighbouring plates of Widmanstatten ferrite and bainitic
ferrite each tended to coalesce and the volume of untransformed austenite
decreased and the shapes of the y particles evolved into residual islands
between the ferrite plates. Provided the cooling rate was greater than 20 °C/s,
the bainitic ferrite plates nucleated directly at the prior austenite grain
boundaries, and the plate morphology was revealed by regions of elongated
retained austenite or its decomposition products.
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At the fastest cooling rate obtained by dilatometry in this work (-375 °C/s), the
structure was largely characterised by a mixture of bainitic ferrite and
martensitic packets surrounded by retained austenite films. Dilatometric and
metallographic examination of the martensite and bainitic ferrite formed on rapid
cooling failed to find a clear microstructural distinction between the two

products. The packets of bainitic ferrite plates were generally nucleated directl
from the prior austenite grain boundaries, whereas, the martensite was
characterised by thinner ferritic units with a higher dislocation density. There
also appeared to be a larger number of variants of lath packets and apparent
intragranular nucleation in the case of martensitic ferrite.
The general relationship between transformation on continuous cooling and
transformation at constant temperature was also studied in the low carbon

ferritic steel. It was found that the progress of isothermal ferritic transformat
kinetics can be well expressed by the Avrami type equation (X=l-exp{-K(T)tn}).
Considering the continuous cooling to be a series of isothermal steps, the
temperature dependence of K(T) is determined from the isothermal kinetics data,
assuming that "n" is independent of temperature. Using this expression, a
kinetic equation for austenite decomposition during cooling was derived by
extension of the additivity rule to the whole range of fractional completion. It
has been shown that there is a good agreement between the measured and
calculated CCT-curves.
The experimental results indicated that the strength of CR HSLA80 can be
improved substantially by copper precipitation, and that the potential of copper
based precipitation hardening is significantly affected by the pre-aging
treatment. The copper age hardening response was investigated at temperatures
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of 450, 500, and 550 °C for three pre-treated structures (as rolled ferrite, bainitic
ferrite, and martensite).
The aging results reveal that the age hardening responses of both the
martensitic and.bainitic ferrite structures are higher than that of the as rolled
steel, and this observation is rationalised in terms of higher solute Cu content,
and a higher density and greater uniformity of dislocations which provide a
multitude of nucleating sites for copper precipitation. Moreover, it has been
found that the peak hardness in the martensitic and bainitic structures was
attained when copious amounts of fine £-copper precipitates were observed on
dislocations. Compared to the martensitic and bainitic cases, the presence of
pre-existing interphase e-copper precipitates, as well as the formation of
additional copper-rich clusters and precipitates from supersaturated ferrite
contribute to the aging response in the hot rolled condition.
Examination of the commercial hot rolled samples of CR HSLA80 steel
indicated that relatively coarse interphase copper precipitates formed in the hot
rolled steel plate during austenite to ferrite transformation on cooling from the
rolling finish temperature and thus the full strengthening potential of the alloy
was not achieved by the subsequent aging treatment. Higher strength levels
can be obtained by cooling rapidly to temperatures lower than 580 °C to
suppress interphase precipitation on cooling, producing Cu supersaturated
bainitic or martensitic structures, and then aging to produce fine multivariant
copper precipitation in the matrix.
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Materials for naval and offshore structural applications must meet a variety of
engineering properties principally associated with high loadings, corrosive

environment and life-cycle maintenance. The fracture safety of these structures
has been also addressed mainly through the use of tough strong alloys. The
current steels available for construction of naval vessels are mainly HTS, HY80
and HY100. The high tensile steel (HTS) is a carbon-manganese (C-Mn) steel
with 357MPa (52ksi) minimum yield strength. The HY80 and HY100 are high
yield steels with minimum yield strengths of 550 (80ksi) and 680MPa (lOOksi),
respectively.
Development of HY80 steel began after the second World War as a high
strength steel to replace the HTS steel (Montemarano et al., 1986). The HY80
steel was actually developed from a 1894-vintage Krupp armour steel that relied
on nickel (Ni) and chromium (Cr) for a high combination of strength and
toughness (Heller et al., 1965). The high toughness and strength achieved in
the HY-series steels are obtained with the use of relatively high amounts of
alloying elements combined with a quench and temper (Q&T) heat treatment.

Therefore, the HY-series steels have a martensitic structure, which usually sho

a low crack resistance. Welding of these steels thus requires the use of string
welding process controls and specially designed filler materials to retain
adequate properties in the welded structural parts. Additionally, preheating
prior to welding and interpass temperature control is needed when using these
steels to avoid cracking in welded structures. These controls and requirements
are still in place today. Unfortunately, they increase the cost of welded
structures considerably.
To reduce cost, an easily weldable steel with similar strength and toughness
properties was needed to replace the HY80 steel.
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Table 1.1 Chemical composition range (in weight percent) and processings
for A 7 1 0 Grade A steel ( A S T M Designation: A710,1984).

c

Mn

Si

M

Cu

<0.07

0.4-0.7

<0.4

0.7-1.0

1.0-1.3

Cr

Mo

Nb

S

P

0.6-0.9

0.15-0.25

>0.02

<0.025

<0.025

Grade and Class

Conditions

Grade A, Class 1

hot rolled and age hardened

Grade A, Class 2

normalised and age hardened

Grade A, Class 3

quenched and age hardened
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High strength low alloy ( H S L A ) carbon-manganese (C-Mn) steels with carbon
levels below 0.15% and fine grained ferritic microstructures were considered
the U.S.Navy as the best candidate steels to replace HY80 steel (Montemarano

etal., 1986). The use of microalloying and thermomechanical processing results

in fine ferrite grains, and therefore enhances both strength and toughness. Hi
strength low alloy steels can be produced with similar strength and toughness
to Q&T steels and good weldability can be achieved due to their low carbon
contents. The U.S.Navy reported (Montemarano et al., 1986) that the reduction
in the cost of welded ship structures can be in the range of $0.4 to $0.9 per

pound, which is estimated to provide a total saving of $0.5 to $2 billion ove
next two decades.
Of the commercially available HSLA steels, ASTM A710 Grade A steel, which
was originally used for the offshore industry, immediately meets the property
goals without requiring any alloy development or modification. The successful
certification program of 550MPa (80ksi) HSLA steel, based on the A710 steel
system occurred in early 1984 to replace the HY80 steel in surface ship hull

structural applications (Montemarano et al., 1986). In recent years, applicatio
of HSLA80 steel has increased as a substitute for HY80 in cruiser deck,
bulkhead and hull applications (Kvidahl, 1985).
The chemical composition of ASTM A710 steel (Grade A) is listed in Table l.L

The high yield strength of this steel is partly attributed to copper precipit

hardening in a ferritic matrix while still retaining good toughness. Because o

the low carbon content and ferritic nature of structures, this steel is extre

weldable without the use of preheat and the stringent process controls requir
for HY80 steel. In addition, the presence of about l%Cu contributes to good
formability (Wacquez and Daehle, 1967) and excellent corrosion resistance
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(LeMay and Schetky, 1982). Furthermore, A710 steel has been reported to
have a high resistance to fatigue crack growth (LeMay, 1971).
The ASTM A710 Grade A steel can be produced in three classes (shown in

Table 1.1). In each case, precipitation hardening is used to achieve the req
strength level. With the nunimum required yield strength beyond 550MPa
(80ksi), only classes 1 and 3 are relevant in developing the HSLA80 steel.

Although yield strengths of both class 1 and class 3 are above 550MPa, it is

reported (Montemarano et al., 1986) that the Charpy toughness of class 1 pla

with 16 and 19mm thickness is well below that of the class 3 and does not me

the required high and low temperature toughness goals (48J at -84 °C and 81J

at -18 °C for 550MPa steel) applied in surface ship constructions (Montemar

et al., 1986). Therefore, the HSLA80 steel developed in recent years is prod
mainly through the quenching and aging (Q&A) route, corresponding to the
ASTM A710 class 3 steel.
Research work has demonstrated that at least equivalent performance to the
HY80 steel system can be achieved for the Q&A HSLA80 steel (Jesseman and
Murphy, 1983; Kvidahl, 1985). The low carbon content (<0.07%) increases the
weldability and toughness properties (Jesseman and Murphy, 1983; Wilson,
1987) and quenched and aged HSLA80 steel is finding increasing applications
in the ship building industry (Kvidahl, 1985).
HSLA80 steel can also be produced by a controlled rolling process with a

modified A710 type chemical composition. The controlled rolling process tak

advantage of the recrystallisation kinetics of the steel resulting from both
deformation and microalloying. By using microalloying elements to suppress

austenite grain growth and retarding austenite recrystallisation during fin

rolling at a low temperature, a fine ferrite grain size can be achieved thro
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Table 1.2 Comparison of chemical compositions (in weight percent) of (A) conventional
A710 steel and (B) the modified A710 (CR HSLA80) steels (ASTM Designation:
A710,1984; Killmore et al., 1989).
Steel

C

Mn

Si

A

<0.07 0.4-0.7 <0.4

B

0.055

1.4

0.25

Ni

Cu

Cr

Mo

Nb

0.7-1.0 1.0-1.3 0.6-0.9 0.15-0.25 >0.02

0.85

1.1

-

-

Ti

-

0.02 0.013

P

S

<0.025 <0.025

0.012

0.003

N
-

0.0075
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thermomechanical controlled processing (TMCP). Enhanced strength and
toughness can be obtained as a result of fine grain size. It has been reported

that the controlled rolled steels usually have better strength, low temperatur
toughness and weldability than those produced by a quench and age
processing route (Montemarano et al., 1986). However, unless specially

designed plate mill facilities are used, it is difficult to produce the contro
rolled plate with thickness greater than 13mm whilst retaining the high yield

strength. The thickness limitation is based on plate mill capacity to introduce
sufficient strain at low rolling temperature.
More recently, following the establishment of strict TMCP practices for thick
plate (Williams et al., 1987; Williams et al., 1988), a copper age hardened
550MPa yield strength grade steel has been developed by BHP Steel, Australia,
based on a modified ASTM A710 composition and utilising TMCP technology
(Killmoreetal, 1989).
Although ASTM A710 includes the hot rolled and aged group (class 1), the

alloy design is more suitable for the quenching and aging process route (class
because of the high hardenability provided by significant additions of Ni, Cr
and Mo. As a result, class 1 (control rolled) A710 steels exhibit mechanical
properties inferior to class 3 (Q&A) A710 steel as mentioned previously.
To facilitate the TMCP and aging process route, a modified leaner alloy design
was developed by BHP. Chemical compositions of both the conventional and

modified A710 steels are listed in Table 1.2. The latter steel can be produced
more cheaply because of fewer expensive alloying elements.
Yield strengths in excess of 550MPa can be achieved for the thinner plate
(<25mm) and 500MPa for thicker plate (>25mm). The thinner plate can
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therefore be classified as HSLA80 steel or more appropriately as CR HSLA80

differentiate it from Q&A HSLA80 steel. As a newly developed steel, little

has been reported on the transformation characteristics and structure-prop
relationships of this low carbon plate steel.
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2.1 Development of Low Carbon Low Alloy Steels

2.1.1 Alloy Design Criteria

The following engineering properties are desirable in structural steels: high yie
strength; high toughness (low impact transition temperature); good weldability;
low cost; good formability and high fatigue crack resistance. There are a variety
of methods by which these properties can be improved. Strong tough steels can
be economically produced to meet the increased demands of manufacturing
industries by careful control of alloy chemistry (tramp element and inclusion
control) and microalloying elements (Ti, Nb, and V); and by thermomechanical
controlled processing, age hardening, or quenching and tempering.
In principle, the metallurgist should be able to create alloys having the necessary
engineering properties which satisfy the design requirements of any structural
parts by carefully controlling the chemistry and complex processing and
fabrication treatments. Although this is theoretically simple, it involves an
extensive, systematic alloy design program in practice. The difficulty usually
arises from the complex relationships between internal structure and the
engineering properties.

Fortunately, it is n o w well established that high

resolution analytical transmission electron microscopy can be effectively used as
a powerful metallurgical tool to outline in detail the structure-property
relationships developed in modern alloys.
Originally, structural steels contained large amounts of carbon and manganese
to increase the volume fraction of carbide microconstituents (pearlite) and thus
the strength of steel (Pickering, 1978). Subsequent catastrophic failures and
numerous research investigations have led to the conclusion that carbon has a
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Fig. 2.1 Schematic diagram showing the relationship between strength and
toughness and carbon content in either ferrite-pearlite (F-P) or martensite
bainite (M&B) steel (Katsumata et al., 1991)
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and

formability. Consequently, structural steels with lower and lower carbon
contents have been developed which derive their superior mechanical
properties from very fine ferritic grains and precipitation hardening. Probably
the most important factor in the transition from higher carbon to lower carbon
structural steels was the improved combination of strength and toughness
obtained by smaller ferrite grain size (Pickering, 1978).
The assumption is generally made that the high hardenability of commercial
quenched and tempered steels leads to uniform microstructures throughout the

thickness of structural parts, because the hardness is nearly constant throughou
the thickness. This appears to be the reason why quenched and tempered
medium carbon steels have been widely used for high strength machinery
components for some considerable time. However, manufacturing industries
have being increasingly demanding higher strength steels in order to lighten

structural parts. Although it is obvious that higher strength can be obtained by
quenching a low alloy steel with higher carbon content from the austenitising
temperature, a dramatic loss of toughness can result. The resistance to sudden
and catastrophic failure is one of the most important design requirements of
engineering parts.
Although, as schematically shown in Fig. 2.1, a decrease in carbon content is
effective in improving notch toughness, it causes a remarkable loss in strength
of ferrite-pearlite steels. An optimum carbon content to satisfy both high

strength and high toughness does not exist in ferrite-pearlite steels, as can be
seen in Fig. 2.1. Steels with low temperature transformation products such as

bainite and martensite have higher strength than ferrite-pearlite steels at a g
carbon content (Fig. 2.1), and so high strength can be obtained in low carbon
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AC: Accelerated cooling
Dg: Direct quenching
R2: Conventional reheat quenching
T: Tempering

(b)

Fig. 2.2 Schematic diagrams showing thermomechanical controlled processing

(TMCP) and conventional rolling treatments: (a) comparison between processe

(b) typical accelerated cooling paths developed during manufacturing proces
(ASTM A841/A841M).
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steels by rapid cooling from the austenitising temperature. Since the notch

toughness of low carbon steels with bainitic and/or martensitic structure can b
relatively high, an optimum carbon content which is necessary to satisfy both
high strength and high toughness can exist for these steels.

2.1.2 Thermomechanical Controlled Processing
The Appendix of ASTM A841/A841M defines the thermomechanical controlled
processing (TMCP) as "the new generation of controlled rolling". It also states
that "TMCP produces fine grained steel by a combination of chemical
composition and integrated controls of manufacturing processes from slab
reheating to post rolling and cooling, thereby achieving the specified
mechanical properties in the required plate thickness".
A summary of the basic processing differences among various thermomechanical
processing methods is given in Fig. 2.2(a), derived from ASTM A841/A841M. It
can be observed that TMCP may be sub-divided into thermomechanical rolling
(TMR) without water cooling and accelerated cooling (AC) achieved by water
quenching. Typical cooling patterns developed by various on-line accelerated
cooling processes are shown schematically in Fig. 2.2(b). The cooling patterns
differ in terms of cooling rate, finish temperature of water cooling and the
presence or absence of tempering after cooling. Furthermore, the following
aspects are related to TMCP as compared with the conventional processes:

(1) the steel is rolled in the non-recrystallisation temperature region of aust
(2) the cooling rate after rolling can be controlled (water cooling type) over
wide range; and
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(3) manufacturing processes are carefully controlled at various stages of steel
making, as represented by compositional adjustment and removal of impurities at
the refining stage, reduction of inclusion and segregation during the casting
stage and precise control of the rolling stage.

2.13 Microalloyed Steels
Low carbon low alloy steels containing small amounts of strong carbonitride
forming elements such as titanium (Ti), niobium (Nb) and vanadium (V) form a
very important group of structural materials termed Microalloyed (MA) steels.
These materials rely on carbonitride precipitates of the microalloying elements
interacting and influencing the microstructure during complex
thermomechanical treatments to produce fine grained structures resulting in a
good combination of strength and toughness (Jonas and Weiss, 1979; Sellars,

1985). The final properties of such steels are dependent on the size, distributi
and volume fraction of these precipitates, their effect being a result of the
resistance they offer to plastic deformation as well as to grain boundary
migration (Honeycombe, 1985; Ringer et al., 1989). By controlling the thermal
cycle and thermomechanical processing conditions, it is possible to modify the

size, distribution and volume fraction of these precipitates in such a manner a

maximise their grain refining effect on the final microstructure (Hansen et al.,
1980; Weiss and Jonas, 1988). ±
In MA steels, grain refinement is of primary importance in the development of
material properties as it is the only mechanism by which both strength and
toughness can be simultaneously increased (Gladman et al., 1975; Honeycombe,

1985; Tamura et al., 1988). Microalloy precipitates present in the ferritic matr
of HSLA steels may have the effect of increasing overall strength at lower
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temperatures (Honeycombe, 1987; Lim and Hendrickson, 1988; Smith et al.,
1988), but in m a n y cases this strengthening mechanism has been found to have
an adverse effect on toughness and ductility, limiting the extent to which it has
been utilised (George et al., 1971; Gladman et al., 1975). It is well established
that austenite grain' boundaries are primary sites for ferrite nucleation and
growth on transformation (Lim and Hendrickson, 1988), and so ferrite grain size
will be strongly dependent on the parent austenite grain size.

2.1.4 Experimental Methods for Determining Continuous
Cooling Transformation Diagrams

The isothermal transformation diagram of steel is a valuable tool for studying
temperature dependence of austenite decomposition. It is clear that even in a
single reaction such as the austenite to pearlite transformation, the product
varies with the transformation temperature. A specimen that is allowed to
transform on continuous cooling over a wide range of temperatures has a mixed
microstructure which is very difficult to analyse without prior information. The
time/temperature relationships which define an isothermal transformation (IT)
diagram are applicable to transformation carried out at constant temperatures
and the information is not readily applicable to heat treatments involving
transformation under continuous cooling conditions. In m a n y cases the steel is
heated into the austenite region and then continuously cooled to/room
temperature at various cooling rates which depend on the type of treatment, and
the size and shape of specimen. Therefore, there is a need to generate a diagram
which describes the transformations that occur in steel during continuous
cooling from an austenitising temperature, just the same as an isothermal diagram
which

portrays the progress of austenite

decomposition

at constant
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The type of diagram k n o w n in physical metallurgy as a

continuous cooling transformation (CCT) diagram which represents the
transformation behaviour of steel during cooling at various cooling rates.

Basically, in commercial heat treatments of steel, it is desirable to measure th
austenite transformation temperature ranges and the transformation products on
cooling at a constant cooling rate from the austenite phase field. Suppose a
small specimen of steel is continuously cooled from the austenitising
temperature at known rate, what are the starting and finishing austenite
decomposition temperatures? If the starting and finishing austenite
transformation temperatures are known for different cooling rates, the
information can be used to construct the continuous cooling curve which is a
valuable tool for heat treatment and for predicting the microstructure of heat
affected zones (HAZs) during welding processes.

When a piece of steel is cooled at a known rate from the austenitic state, it is

obvious that the microstructures, and physical properties such as heat evolution
magnetic properties and dilatation (volume change) are markedly changed
depending on the temperature at which the austenite transformation starts.
These physical phenomena provide the basis for the different experimental
methods to determine the TTT- and CCT-diagrams for steels.

2.1.4.1 Metallographic Method
The oldest experimental method for determining the TTT- and CCT-diagrams for
steels has been named the "metallographic method". This technique is based
on direct metallographic observations. The first step in the construction of a
CCT-diagram by this method is to plot the time/temperature curves for several
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Fig. 2.3 Schematic representation of the heat treating operations involved in
the metallographic method for measuring the progress of austenite
transformation: (a) transformation at a constant temperature; (b) transformation
on continuous cooling at a given rate (Davenport, 1939).

Chapter Two

Literature Review

\4_

cooling rates. Actually, all cooling curves should be considered from th

austenitising temperature, but significant cooling begins after the aus

reaches its equilibrium transformation temperature. So a more fundament

of diagram can be obtained, if the cooling curves are plotted as beginn

equilibrium transformation temperature to proeutectoid ferrite (Ag3), pea
(AeO, and bainite (Bs). In this way, the cooling diagram gives the time

decompose austenite after it has become unstable. The basic principle i

in a chart published by Davenport (1939), which is reproduced in Fig. 2.3
In the continuous cooling case, specimens are continuously cooled at a
predetermined rate from the austenitising temperature to predetermined

temperatures (Th T2, T3, etc.), then withdrawn and immediately quenched in

water or brine to room temperature. In this way, any untransformed aust

remaining in the specimen will appear as martensite in the final micros

which can be distinguished from the transformation products that are fo

the higher temperatures prior to quenching. It should be mentioned that

diagrams of Fig. 2.3 are schematic and do not necessarily represent wha

observed in practice. Generally, the exploration of a given cooling rat

more specimens than are shown on the chart. In practice, the transformat

proceeds over a wide range of temperatures and the final structure cont

mixture of different products, each product being substantially indisti
from what forms isothermally at an appropriate temperature. Just as the

construction of an isothermal diagram requires exploration of many temp

levels (Fig. 2.3(a)), the experimental determination of a CCT-diagram al

requires the investigation of several different cooling rates. The CCTcan then be constructed by drawing lines through points indicating the
beginning and end of transformation for each cooling curve.
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It is obvious that the direct experimental investigation of isothermal and
continuous cooling decomposition of austenite is extremely difficult and time
consuming except for steels whose alloying elements render the austenite very
slow to transform. For less hardenable steels, diffusional transformation can
occur so quickly that accurate detection of the start of transformation can be
difficult. Moreover, the precise experimental determination of a CCT-diagram
by the metallographic technique requires the identification of phases and phase
mixtures within a complex aggregate of microstructures. This is difficult
particularly for low carbon steels, unless the isothermal microstructures have
been previously studied. In comparison to isothermal diagrams which can be
determined for most common grades of steel by direct metallographic
observation, the precise determination of a CCT-diagram by this method is
limited to -very hardenable steels such as medium carbon low alloy AISI4340
steel.

2.1.4.2 Thermal Arrest Method
The thermal arrest method can be used to determine the CCT-diagrams for steels.
This technique is based on the heat evolution accompanying austenite
decomposition and the specific heat of the reaction products. When the
temperature of a small specimen of eutectoid steel is autographically recorded
during cooling from the austenite region, the resulting time/temperature curve
can be a proof record of the transformation that austenite has undergone during

cooling. If the austenite has only transformed to pearlite, there will be a singl

prominent thermal arrest between 500-600 °C and the arrest is referred to as Ar1,
the upper temperature of the fastest reacting temperature region or "nose" of
the isothermal diagram (500-600 °C). If the cooling rate is sufficiently high so
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Fig. 2.4 Typical gas quenching curves for plain carbon steels and platinum
using thermal arrest method (Greninger, 1942).
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that only martensite forms, the single arrest is near 240 °C and the arrest is

referred to as Ar", the upper limit of the martensite transformation temperature
range. In the case that both Ar' and Ar" occur on a quenching curve, the
specimen contains both pearlite and martensite.
The procedure in this method is to determine the time/temperature cooling
curves for specimens during quenching in various quenching media. A higher
cooling velocity is attainable with a smaller specimen size. Thermocouple wires
are spot-welded to each face of the specimen, which is then austenitised in
vacuum and finally quenched in a gaseous medium. The time/temperature
curves can be recorded photographically during quenching with the aid of a
moving galvanometer. Typical quenching curves which illustrate the martensite
thermal arrest points for plain carbon steels are reproduced in Fig. 2.4.

Although this technique of thermal analysis has often been applied in studies of
the quenching of steel and has provided some of the available information
relating to the transformation of austenite, in many cases it does not yield

satisfactory data on the continuous cooling transformation of steels, particula
at higher cooling rates. This limitation of the thermal arrest method has been
removed by magnetic induction measurements. This technique is necessarily
dependent on the magnetic properties of the transformation products, which

have been used in an effort to obtain more accurate data at higher cooling rates
than are possible for the thermal arrest method. However, it has not received
great attention because of the thermal and transformational stresses set up
during transformation, which exert an effect on the magnetic induction
measurements. Neither the magnetic nor thermal arrest methods lend themselves
readily to quantitative information on transformational behaviour of steel on
cooling.
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Fig. 2.5 Selection of dilatation/temperature curves for theB.S. Enlll steel of
various specimen sizes: (a) 2.032cm diameter; (b) 1.47cm diameter; (c) 0.97cm
diameter; (d) 0.635cm diameter; (e) 0.483cm diameter; (f) 0.254cm diameter
(Steven and Mayer, 1953).
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2.1.43 Dilatometry Method

Much information regarding the transformational characteristics of a ste

cooled at a known cooling rate from the austenitising condition can be o

from dilatometric studies (Lee and Hon, 1987; Farrar and Zhang, 1993; Pr

1994). This method has an advantage in the area of welding where the actu

dilatation characteristics are important in the study of transformationa

and their effect on weldment cracking. Moreover, if the temperature rang
which the various transformation products are formed, can be determined

series of different cooling rates, the problem of interpreting the micro

will be very much simplified. So with suitable dilatometric equipment, i

possible to obtain the information required for the construction of a di
indicatingtransformation on cooling.

Various types of instruments have been constructed and technology has re

their operation, particularly in recent years, but the principles (mainl

are the same in all types of dilatometers. In general, the necessary pie

equipment are those for indicating and recording the three variable para

of time, temperature and dilatation over a wide range of temperatures and
cooling rates.
The main experimental procedure in this method is to record the

time/temperature and dilatation/temperature curves during continuous coo
transformation for various cooling paths. A selection of the dilatation
a typical steel, published by Steven and Mayer (1953), are reproduced in
2.5.

After examination of Fig. 2.5, the following results can be easily under
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(a) the dilatation curves are independent of cooling rate in the absence of

transformation, because the coefficient of expansion of ferrite and austenite a
independent of cooling rate;
(b) the principle adopted to estimate the degree of transformation of each

sample at any transformation temperature is illustrated on the dilatation curve

Fig. 2.5(c). In this case, the dilatation curve for the continuously cooled sam
is indicated by a full line and the upper and lower broken lines represent the
thermal contraction parts of ferrite and austenite, respectively;
(c) it is assumed that the proportion of transformed austenite is indicated by
ratio BC/AC at each transformation temperature. So by this assumption the
temperature at which transformation proceeds to 10, 50, 75, 90 and 100% can
be determined from each dilatation curve.

In general, the transformation start and finish temperatures are clearly indica

by a distinct break in the dilatation curve. Therefore, it is possible to accur
determine the beginning and finishing transformation temperatures of the steel
for various cooling paths.

2.1.4.3.1 Advantages of dilatometry method

Continuous cooling dilatometry is the most widely used method of producing
CCT-diagrams applicable to different heat treatment and welding processes
(Harrison and Farrar, 1989; Farrar and Zhang, 1993; Prior, 1994). The necessary
thermal cycles for producing CCT-diagrams applicable to welding situations
consist of a suitable austenitisation thermal cycle, followed by continuous
cooling to room temperature using appropriate weld cooling curves. The
austenitisation thermal cycle generally involves rapid heating to the peak
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Fig. 2.6 Schematic length versus temperature plots for four different cooling
rates: a > b > c > d (Harrison and Farrar, 1989).
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Fig. 2.7 Schematic continuous cooling transformation diagram produced from
data in Fig. 2.6 (Harrison and Farrar, 1989).
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Fig. 2.8

Construction to determine transformation temperature for any

percentage transformation (Harrison and Farrar, 1989).
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temperature at which the appropriate HAZ or weld metal grain size is

developed. The peak temperature is usually selected by trial and error at abou
1300-1350 °C for the coarsened grain region in the HAZ and up to 1400 °C for
the weld metal (Harrison and Farrar, 1989). During heating and cooling,
specimen dilatation is continuously recorded and plotted versus temperature.
Typical dilatation/temperature curves for a steel specimen cooled at four
different cooling rates are shown in Fig. 2.6.
As shown in Fig. 2.6, specimen "a" shows a continuous smooth dilatation

curve because it has transformed completely to martensite at the fastest cooli

rate. The martensitic start and finish transformation temperatures, Ms and Mf c
be obtained by locating the temperature at which the curve starts to deviate

from linearity. The next three dilatation curves "b, c and d" correspond to th
specimens that have been transformed at progressively slower cooling rates.

The transformation temperature increases inversely with cooling rate. The trac
also show a more complex curve during transformation because of various
microconstituents "martensite (M), bainite (B), pearlite (P) and ferrite (F)"
transformed structures. The schematic CCT-diagram for the above data is
reproduced in Fig. 2.7.
In some cases where the specimen has transformed to a number of
microconstituents, the dilatation/temperature data do not show a clear
dilatometric resolution for each phase field, and so it is necessary to use a
method to find the transformation temperature for any given fractional

completion (Fig. 2.8). Then it is possible to use quantitative metallography t

calculate the transformation start temperature for different microconstituents
In summary, the metallographic method is based on subjective observations,
thus making TIT- and CCT-diagrams difficult to construct and interpret.

Chapter Two

Literature Review

20

Furthermore, the precise determination of a CCT-diagram by the metallographic
method is extremely difficult, except for highly hardenable alloy steels such as
AISI4340. Although the thermal arrest method has often been used in studies
of austenite decomposition on continuous cooling and has provided some of
the available information relating to the transformation, in many cases this
method does not yield satisfactory data, particularly at higher cooling rates.
Although magnetic induction measurements have been used in an effort to
obtain more accurate data at higher cooling rates than is possible for the thermal
arrest method, they also have the limitation that the thermal and transformational
stresses affect the magnetic induction measurements.
The dilatometric method has received more attention because of its great
flexibility, accuracy and the easy interpretation of data. Also this technique is
entirely applicable to any rate of heating and cooling, although the experimental
procedures for high rates of cooling have offered some difficulties. After a
careful survey of the literature, it seems that the most attractive method currently
available is a high-speed dilatometer capable of following the transformation
behaviour of a steel specimen on cooling at a wide range of rates from the
austenitising temperature.

2.1.5 Kinetics of Decomposition of Austenite Based on the
Isothermal Data and Additivity Rule

<

For a given austenitising temperature and time, it is clear that the cooling
determines the temperature range over which the transformation actually takes
place and hence the character and mechanical properties of thefinalstructure.
So it is desirable to measure the temperature ranges over which the austenitic
transformation takes place when it is cooled at a k n o w n cooling rate, and to

Literature Review

Chapter Two

700 -

eoo
500

o

400

300

200

100

0.1

10

100
103
Time, in seconds

10*

105

5x105

Fig. 2.9 The schematic relationship between isothermal and continuous cooling
transformation diagrams for an eutectoid steel (Reed-Hill and Abbaschian,
1992).
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obtain a good indication of the amount of austenite that has transformed. In
Section 2.1.4, the various experimental methods have been discussed to
determine cooling transformation data. However, experimental and theoretical
aspects of the decomposition are most conveniently studied isothermally.
Therefore, it is desirable to relate the transformation behaviour of a steel during
continuous cooling with its isothermal data.

2.15.1 Schematic Relationship Between Isothermal and
Continuous Cooling Transformation Diagrams
When austenite is cooled continuously to below the minimum temperature at
which it can exist for a long time as a stable phase, it cannot begin immediately
to transform. The reason for this fact is illustrated in Fig. 2.9, the required time to
start the pearlite transformation is longer than at the temperature at which the
cooling curve intersects the isothermal diagram. So some additional cooling
time will be required before any measurable transformation occurs in all cases of
practical heat treatments. In the case that the cooling rate is extremely slow, the
transformation occurs substantially at the equilibrium temperature, but a faster
cooling rate lowers the temperature at which the transformation begins and then
proceeds over a range of temperatures.

As shown in the schematic Fig. 2.9, the CCT curves lie below and to the right of
the corresponding isothermal curves. In general, the displacement (downward
and to the right) of isothermal curves can be an index of the beginning and end
of transformation, which increases with faster cooling rate up to the rate which
just produces a fully martensite structure.

For a particular austenitising

treatment, the significant minimum interval time for the beginning

of

transformation on the CCT-curves, at its nose, is about three times greater than
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Fig. 2.10 Chart showing a portion of the isothermal transformation diagram for
a plain carbon eutectoid steel and a constant cooling rate of 27.77 °C/s (50
°F/s) plotted from Ael temperature (Grange and Kiefer, 1941).
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the corresponding minimum interval time on the isothermal diagram, and of

course the transformation temperatures in the continuous cooling condition a
lower than for the isothermal diagram.

2.1.5.2 Grange and Kiefer's Method
Several attempts have been made to obtain the CCT-curves from the isothermal
data (Grange and Kiefer, 1941; Manning and Lorig, 1946; Cahn, 1956; Umemoto

et al., 1983). Grange and Kiefer (1941) offered a method for this purpose. In
order to obtain the CCT-curves from the corresponding isothermal data by

Grange and Kiefer's method, a portion of the isothermal curve for a plain ca
eutectoid steel in the temperature range of 482-676 °C (900-1250 °F) which
was reported by them, is reproduced in Fig. 2.10. The broken line represents
constant cooling rate of 27.77 °C/s (50 °F/s) which starts from the AeI

temperature. It intersects the isothermal start curve at point X at a temper

Tx after an interval time Ix. If an arbitrary lower temperature T0 with the i

of time I0 is chosen the question is what happens during cooling between poin
X and O.
Grange and Kiefer supposed that on cooling through a limited temperature

range, for example Tx to T0, the amount of transformation substantially equal
the amount indicated by the isothermal diagram at the mean temperature

1/2(TX+T0) after a time interval I0-Ix. On the basis of this assumption, the a

of transformation resulting from continuous cooling to point O is equal to t

the corresponding point O' on the isothermal diagram. The temperature and ti

for point O' are; T0. = 1/2(TX+T0) and I0. = I0-Ix. Since the point O' lies to
of the isothermal start curve, there has not been any visible amount of
transformation.
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For determining where the transformation will occur, it is necessary to select
other points on the cooling curve until the point B is estimated which

corresponds to isothermal point B' on the isothermal start curve. So point B is
estimated to be the beginning of visible transformation when the steel is
continuously cooled at the rate of 27.77 °C/s (50 °F/s). As cooling proceeds
beyond B, more transformation occurs and the progress of transformation can
be estimated by selecting arbitrary later points on the cooling curve and
calculating for each point the equivalent amount of continuous transformation
by the corresponding points on the isothermal diagram. In this way, the final
point E will be found with its corresponding isothermal point, E', on the
isothermal finish curve. As a result, the transformation is completed at point
on the cooling curve. Therefore, for the conditions shown in Fig. 2.10, the
transformation on cooling at a rate of 27.77 °C/s (50 °F/s) begins at 596.1 °C
(1105 °F, point B) and proceeds over a range of temperatures down to 510 °C
(950 °F, point E).

2.153 Additivity Rule
Suppose a phase has been brought to a temperature at which it is unstable and

is held there until it has partially transformed. Then it is brought to another
temperature at which it tends to transform further by the same reaction. In

general, the reaction at the second temperature will not proceed in the same wa
as during holding at the first temperature. The simplest case is that the
transformation proceeds continuously on from the prior partial transformation.
Such a reaction has been termed "additive". As an example, consider that the
time necessary for 5% isothermal transformation in a specimen quenched
directly to the second temperature is 30 minutes, and for 15% isothermal
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Fig. 2.11 Schematic diagram showing h o w incubation period is considered
during continuous cooling (X(T)): AX 1 ? AX 2 , ..., infinitesimal subdivisions of
cooling time; T l5 T2,..., temperature to be held for AX l 5 AX2,..., respectively; Z l5 Z 2 ,
..., nucleation time corresponding to T1? T2, ..., respectively (Manning and Lorig,
1946).

T 1 :large G, small I

T 2 :small G, large I

(a)

Fig. 2.12

Schematic microstructures produced

at different isothermal

transformation temperatures: (a) with small nucleation rate and large growth
rate; (b) with large nucleation rate and small growth rate (Umemoto et al., 1983).
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transformation is 40 minutes. If a specimen previously held at the first
temperature for a long time to transform 5%, is then brought to the second
temperature, it will take 10 minutes more time to transform to a total 15%.
The additivity rule was advanced firstly by Scheil (1935) and later
independently by Steinburg (1938), to determine the start of transformation
under continuous cooling conditions. Scheil proposed that the cooling curve
can be divided into a number of stages of time "AX1? AX2,..., AXn" at the

successive temperatures "Th T2,..., Tn", for which the isothermal conditions

be considered at each stage. The reasons for this assumption are that during

continuous cooling or heating, the time the steel is at each temperature an
difference between successive temperatures can be considered to be

approximately zero. If the isothermal incubation periods at temperatures of

T2,..., Tn are defined as Zb Z2,..., Z„, as shown in Fig. 2.11, the consumpti
incubation period (LP.) during cooling from temperature h.x to Tn can be
determined as:

Mn

At(T)

If each stage is close to infinitesimal,

I.P.(Tn)n)=| Z(T)
^ = Jf ^ d T
/t=0

/Al

where, Ai is the equilibrium transformation temperature. W h e n the cooling rate
is constant (cc °C/s),
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Fig. 2.13 Schematic presentation of delay of transformation and deviation fro
the additivity rule. The specimen is initially held at T{ for transformation to XQ,
whereupon it is cooled suddenly to T2: the subsequent transformation will be
delayed as shown by the broken line because here the additivity rule no longer
applies (Umemoto et al., 1983).
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At the temperature for which LP. = 1, the transformation will start.

2.1.5.3.1 Conditions for Additivity Rule

The simplest type of cooling transformation can be obtained by combining two
isothermal treatments at temperatures T! and T2 where Ti>T2. Assume that the
ratio of the nucleation rate I to the growth rate G is larger at the lower

temperature T2, so the microstructures which will be produced by the isotherma

holding at temperatures Tt and T2 should be schematically like in Fig. 2.12. A

temperature Tl5 the relative nucleation rate is slow and the relative growth r

fast, so the microstructure will consist of a small number of large nodules. A

temperature T2, the microstructure will have a large number of small size nod
because the relative nucleation rate is faster than the relative growth rate.

Comparison of the two microstructures in Fig. 2.12 will show that the specimen

transformed at lower temperature T2, tends to have a larger total interface ar
between austenite and pearlite than that transformed at higher temperature Tb
as long as the shapes of the newly formed phase at temperatures Ti and T2 are
symmetric. Suppose that a specimen is transformed at higher temperature Tj to
fraction X0 and then suddenly cooled to temperature T2. When transformation is

continued at T2, the progress of transformation for the specimen must be lower
than that for a specimen which transformed at temperature T2 from the start,

because the former has a smaller total growing interface area than the latter.

the additivity rule will not hold in this case, and the schematic condition is
reproduced in Fig 2. 13.
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The sufficient conditions for fractional completions to be additive has been
discussed by Avrami (1939) and Cahn (1956). Avrami (1939) suggested that
the transformed fractions will be additive over a range of temperature, if the rate
of nucleation is proportional to the rate of growth over that particular
temperature range. Such a reaction has been termed "isokinetic". The course
of an isokinetic reaction is the same at any two temperatures except for a time
factor. For example, the rate at thefirsttemperature is 10 times as great as the
rate at the second temperature for the same percentage of transformation. C a h n
(1956) later considered more general conditions for the transformed fractions to
be additive and showed that a reaction is additive if the reaction rate depends
only on X and T, that is on the theoretical case and not on the thermal path by
which it reached that state.

H e proposed that if the nucleation sites are

saturated in a reaction and if the growth rate at any instant depends only on the
temperature, the reaction will be additive.

2.1.5.4 Continuous Cooling Kinetics for Decomposition of
Austenite w h e n the Fractional Completions are Additive

2.1.5.4.1 Isothermal Kinetics of Decomposition of Austenite

The concept of isothermal diffusional decomposition of austenite to pearlite,
bainite, and proeutectoid ferrite and carbide has been one of the interesting
research areas in physical metallurgy. There have been several attempts to
derive a quantitative equation which can portray the diffusional decomposition
of austenite (Avrami, 1939; Cahn, 1956; Kirkaldy, 1973; U m e m o t o et al., 1981;
U m e m o t o et al., 1983; Mostert and Van Rooyen, 1991).

From the basic

principles of physical metallurgy, it has been shown that the isothermal overall
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reaction curves of austenite decomposition are usually interpreted by the
Avrami (1939) type rate law equation,
X=l-exp{-K(T)t"} (2.1)

where X is the fractional completion, and t is the isothermal holding time. T
exponent n depends on the growth geometry and is considered to be
independent of temperature over a particular temperature range. The rate

constant K(T) depends only on transformation temperature and is considered to
be a function of both nucleation and growth.

2.1.5.4.2 Extension of Scheil's Additivity Rule

Scheil's additivity rule has been applied only to the initiation of the reac

and has been shown to be valid experimentally for the incubation of pearlite,

bainite, and proeutectoid ferrite and carbide, when it is considered individ

and within restricted temperature ranges (Hollomon et al., 1946). This additi

rule has provided a basis for much of the subsequent work to determine the st
of transformation temperature under continuous cooling conditions (Manning
andLorig, 1946; Pumphrey and Jones, 1948; Umemoto et al., 1983; Hawbolt et
al., 1985; Mostert and Van Rooyen, 1991; Pandi et al., 1995). However, the

concept of Scheil's additivity rule can be extended from the incubation perio
to the whole range of transformation (from 0 to 100%). This is a key rule to

calculate the continuous cooling transformation data, based on the isothermal

diffusional decomposition of austenite. The additivity rule can be stated ov

range of transformation temperatures as follows: given an isothermal diagram

the time X (T) as a function of temperature, at which the reaction has reache
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fractional completion X, then the fractional completion on continuous cooling
will be X when the following integral is unity,

=

1^

_dt_ =
_J_dLdT=i
Xx(T) | Tx(T)dT
(2.2)
where, for pearlite transformation T e is the eutectoid temperature and te is the

time at which temperature becomes Te during cooling at a given cooling rat
2.1.5.4.3 Continuous Cooling Kinetics of Decomposition of
Austenite
When a reaction is additive over the entire range of transformation, the

transformed fraction, X, can be expressed by a simple equation. From equat
(2.1), the necessary time for isothermal fractional completion, X, can be

^ ^ i V "

(2.3)

Substituting equation (2.3) into equation (2.2), results in:

f

K(T) 1/n
dT/dt

dT = (ln-^-) 1 / n
v

1-X

/Te

and then,
in

i

X=l-expH|

»l/n

^pdT/J
(2.4)

Equation (2.4) gives the fractional completion X at temperature T during

continuous cooling with cooling rate dT/dt, when the transformed fraction
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additive. Equation (2.4) has practical importance and can be applied to various
practical cases to predict the cooling transformation. The major advantage is
that it contains only factors which can be obtained from purely isothermal
kinetic experimental data, which are m u c h easier to obtain than that of
anisothermal data.

2.2 Copper Bearing Steels

22.1 Effect of Copper in Iron Based Alloys
Compared with copper alloys, iron base alloys containing copper are quite
recent in origin. O n the basis of the total tonnage of copper produced, the
amount of copper used in ferrous alloys is still small. Since copper is cheap to
produce and usually only relatively small amounts are required to obtain
desirable engineering properties, increasing amounts of copper are being used in
low carbon steels as a major alloying element.
In the early stages, addition of copper in steel was mainly to increase the
corrosion resistance. A s long ago as 1928, driven by the development of slower
rusting steels than mild steel which was then widely used, the British Iron and
Steel Institute set up a corrosion committee to carry out corrosion tests on steels,
cast irons, and wrought irons (Copper Development Association, 1961). They
reported that copper bearing steel showed m u c h slower rusting properties
compared to mild steel in the same application. But it was not until some thirty
five years ago that users of steel were benefiting from the evidence provided by
this research.
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More recently, investigations have shown that copper, in addition to provid
improved corrosion resistance, can make a significant contribution to the
mechanical properties. The use of copper as an alloying element has the
following advantages: increasing the strength by copper precipitation

hardening (Montemarano et al., 1986; Killmore et al., 1989; Yoo et al., 1994)
retaining good formability and toughness (Wacquez and Daehle, 1967); high
corrosion resistance (LeMay and Schetky, 1982); high fatigue cracking
resistance (LeMay, 1971) and resistance to hydrogen induced cracking
(Rogerson and Jones, 1983; Nagumo, 1983).
When copper is combined with other alloying elements such as Mn, Ni, Cr, Mo

and B, a tough bainitic "acicular" ferritic structure can be produced (LeMa
al, 1984; Miglin et al, 1986; Thompson et al, 1990). Consequently, bainitic
structures can be produced in heavy sections with little change in tensile

properties compared with thinner sections. Copper also increases resistance
softening on tempering because of copper based precipitation hardening
(Grange et al, 1959; Hornbogen and Glenn, 1960; Yoo et al, 1994). The

strengthening effect is due to both solid solution and precipitation harden
and is more complex than that of other common alloying elements.
Lower carbon content and carbon equivalent level are possible for copper
bearing steels because strengthening can be partly achieved by copper

precipitation hardening rather than by significant volume fraction of carbi
containing microconstituents based on a high level of carbon. This lower

carbon equivalent results in good weldability and heat affected zone proper

Despite the above mentioned advantages of copper in steel, it is traditiona

believed that addition of copper to steel may cause problems in conventional
steel making. These problems include (LeMay, 1982):
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(1) difficulty of descaling, contributing to bad surface quality of the products
especially for steels with higher sulphur content. This problem is usually
attributed to a build up of copper by preferential oxidation of iron leaving a
copper and sulphur rich surface layer with a lower melting point;

(2) hot shortness caused by the relatively low melting point of the e-Cu parti
(-1090 °C). The hot shortness is apparent as small cracks on the surface or
edges during hot rolling or continuous casting; and
(3) deterioration of some specific mechanical properties, for example
embrittlement during stress relief.
These problems have prevented the widespread acceptance and use of copper
as a major alloying element. However, the severity of these problems is
dependent on the amount of copper and other alloying elements in the steel.

With a careful control of copper and use of modern steel processing technology,

these problems are not serious and the beneficial effects of copper may be more
fully utilised.
By the addition of Ni, which increases the solubility of copper in austenite
during production of copper bearing steels (Metals Handbook, 1948); and by
control of the process parameters including heating rate, soaking time and
temperature, and furnace atmosphere (Contsouradis et al, 1983), the hot
shortness can be eliminated. The avoidance of hot shortness and improved steel
making practice have led to the introduction of several commercial copper

bearing steels in recent years, especially high strength low alloy (HSLA) steel
designed to exploit the strengthening effect of copper.
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222 Copper Age Hardening Behaviour

2.2.2.1 Copper Precipitation

Research on copper precipitation in iron has been essential in developing
grades of Cu-bearing H S L A steels (Youle and Ralph, 1972; Krishnadev and
Galibos, 1974; Krishnadev et al, 1988; Yoo et al, 1995). Spherical copper-rich
bcc clusters can be expected to form during aging treatment because of the
similarity in the size of the iron and copper atoms (Guinier, 1952). However, it
has been reported by several investigators that these bcc clusters cannot be
observed directly by transmission electron microscopy (Hornbogen and Glenn,
1960; Miglin et al, 1986). It has been claimed that the only experimental
evidence for copper clustering was the time dependence of the appearance of
particles of measurable size (Hornbogen and Glenn, 1960).
Miglin et al. (1986) argued that the copper clusters were not visible in
microscopy because of lack of strainfieldsof sufficient intensity due to the
coherency of the clusters with the matrix.

However, they reported that

evidence for clustering can be inferred from the diffraction patterns. As the
copper clusters grow, they become richer in copper content and the lattice
parameter decreases (Hilty and Crafts, 1950; Goodman et al, 1973), which
causes an increase in spot separation in electron diffraction patterns. This was
observed in their experiments as a splitting of each matrix spot into one larger
spot and one smaller spot displaced slightly towards the center of the pattern.
These clusters can be transformed to the fee e-copper precipitates near the age
hardening peak when they are approximately 1 to 2.4nm in size (Hornbogen
and Glenn, 1960; Goodman et al, 1973).
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Goodman et al. (1973) investigated details of copper precipitation in iron by
using field ion microscopy. They found that coherent, copper-rich clusters
formed in ferrite during aging at 500 °C and coarsened by bulk diffusion. These
clusters contained less copper than the equilibrium epsilon phase, which is
relatively pure copper and forms from the clusters during overaging. The alloy
(Fe-1.4%Cu) reached its peak strength while the precipitates were still bcc
clusters with an average diameter of 2.4nm and had an average copper content
of only 50%, but the precipitate density remained constant until the peak
strength was reached, then decreased during overaging due to selective
dissolution and coarsening.

2.2.2.2 Copper Precipitate Morphology
It has been reported that under certain conditions, austenite can decompose to

various copper precipitate dispersions in a ferritic matrix (Hornbogen and Glen
1960; Hornbogen, 1964; Ricks et al, 1979; Es-Souni et al, 1990; Yoo et al,

1995). It has been assumed that a general feature of copper precipitation is tha
precipitates form in sheets or layers at the austenite/ferrite interface during
transformation with layers being formed by repeated nucleation of precipitates
as the transformation front moves through the austenite. There is now clear
evidence that the latter mechanism accounts for the formation of strong
carbonitride precipitation (NbCN, TiCN, VCN) in microalloyed steels (Edmonds
and Honeycombe, 1973; Honeycombe, 1976; Honeycombe, 1980; Smith and
Dunne, 1982; Dunne et al., 1984).

Initially, all forms of precipitation occurring at the austenite/ferrite interf
grouped into one category called "Interphase Precipitation" by Honeycombe
(1976). However, it has been reported that for different steel compositions and
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heat treatments, different copper precipitate morphologies may form at the

austenite/ferrite interface and these have been grouped as: planar interpha

precipitation (coherent interphase precipitation); curved interphase precip
(incoherent interphase precipitation) and multivariant precipitation

(precipitation from supersaturated ferrite) (Honeycombe, 1976; Ricks et al,
1979; Smith, 1987; Yoo et al, 1994; Yoo et al, 1995). Similarly, it has been
demonstrated that ferrite morphology can be attributed to the change in
mechanism of ferrite growth which is roughly related to changes in the
morphology of copper precipitation (Bee and Honeycombe, 1978; Ricks et al,
1979).

2.2.2.2.1 Planar interphase precipitation

It has been established that ferrite grows predominantly, but not exclusive
a ledge migration mechanism over a wide intermediate transformation

temperature range, giving rise to faceted and Widmanstatten ferrite formati
(Aaronson, 1962; Kinsman and Aaronson, 1973; Shiflet and Aaronson, 1979;
Aaronson et al, 1993). Smith (1953) first proposed that new ferrite nuclei
would have one coherent or semicoherent boundary with the austenite phase
and therefore a random or incoherent boundary with the adjacent austenite

grain. At high transformation temperatures, the incoherent boundaries are m

mobile, resulting mostly in ferrite growth by migration of incoherent bound
As the transformation temperature is lowered, the increased driving force

associated with the austenite to ferrite transformation results in growth o
mainly by rapid ledge migration along the semicoherent boundaries. The
incoherent boundary steps or ledges would normally provide favourable high
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energy sites for precipitation, but at these temperatures the ledges are too
for nucleation to occur.
Planar interphase precipitation is normally associated with faceted ferrite
and to some extent Widmanstatten ferrite, with the particles forming on the

lower energy, less mobile, semicoherent faces (Honeycombe, 1976; Ricks et al,
1979; Dunne et al, 1984; Abe et al, 1985). This situation is more favourable
the transformation temperature is lowered, because the driving force for the

growth of faceted ferrite grains increases while the rate of diffusion of so

atoms is reduced. Thus, at lower transformation temperatures, the height of t
incoherent ledges is reduced to decrease the distance required for the

redistribution of solute ahead of the interface. This reduction in ledge heig
results in a reduction in the planar interphase precipitation sheet spacing
(Honeycombe, 1976; Balliger, 1980).

For planar interphase precipitation to occur, it is also necessary for ledge
to be sufficiently slow so that the precipitate nuclei will grow to a stable

before the growth of the next ledge. A stable precipitate nucleus, which form

on the immobile facet, can only be formed if sufficient time is allowed befo

next ledge sweeps the nucleation site. The nucleus must also reach a size lar
enough to be stable in the matrix when the immobile {lliyjllO},* interface,
which is more energetically favourable than the matrix as a nucleation site,
been removed by the passage of the next ledge (Campbell and Honeycombe,
1974; Aaronson et al, 1978; Ricks et al, 1979).

It has been reported that the growth rate of an individual ledge will be inv

proportional to its height, because the controlling factor will be the solute
diffusion along the boundary (Ricks et al, 1979; Balliger, 1980; Sakuma and
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H o n e y c o m b e , 1984). Hence the time allowed for nucleation and growth of
precipitates to the critical size will be a function of both ledge height and the
rate of ledge nucleation. If the rate of ledge nucleation is rapid, there will be
insufficient time for nucleation and growth of precipitates to occur and reach a
stable size, and therefore any embryo formed will redissolve in the ferrite.
Conversely if the nucleation rate of ledges is low, copper precipitation can
occur on the immobile facets and so coherent interphase precipitate particles
will be formed. Since the rate of nucleation of ledges will increase with
decreasing transformation temperature, it would be expected that
supersaturated ferrite can be formed at lower transformation temperature.
Sakuma and Honeycombe (1984) have demonstrated that even for
transformation temperatures where planar interphase precipitation normally
occurs, the first formed ferrite may grow too rapidly for planar interphase
precipitation to occur and so supersaturated ferrite forms. It is not until later
during the transformation that ferrite growth rates are at an optimum value for
planar interphase precipitation. This effect can be described in terms of a C-

curve for ferrite containing planar interphase precipitation to the right of the C
curve for proeutectoid ferrite formation. Aaronson et al. (1983) have also made
similar observations that the ferrite containing planar interphase precipitation

does not form during the initial stages of the transformation. It is also interes

to note that planar interphase precipitation can occur in eutectoid ferrite ajs w
as in proeutectoid ferrite (Dunlop et al, 1978).
Therefore, it seems that the nucleation and growth of copper precipitates is
generally controlled by diffusion of copper solute atoms along the

supersaturated austenite/ferrite interface. At higher temperature, copper rapidly
partitions to the austenite, decreasing the degree of supersaturation. At lower
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temperature, the reverse is true. Thus planar interphase precipitation occurs
over an optimum (intermediate) temperature range where the following
conditions apply: ferrite grows by ledge migration along semicoherent

boundaries at an appropriate rate; the diffusion of copper is relatively hi

copper atoms build up at the austenite/ferrite interface as they are reject
ferrite.

2.2.2.2.2 Curved interphase precipitation

The observation of copper precipitates randomly distributed within curved

sheets in ferrite indicates that interphase precipitation need not always t
associated with planar, semicoherent interfaces that migrate by a ledge

mechanism (Ricks et al, 1979). This type of precipitate morphology has been
observed in laboratory treated Fe-Ni-Cu alloys (Ricks et al, 1979) as well
(Honeycombe, 1980) and Cr (Ricks and Howell, 1982) steels. It is now

generally accepted that this form of precipitation is associated with migra

incoherent austenite/ferrite boundaries (Honeycombe, 1976; Ricks et al, 1979

Solute builds up ahead of the moving boundaries, resulting in solute drag a

slowing movement for the nucleation of fine copper clusters. These precipit

probably pin the boundary until selective coarsening allows the interface t

escape by bowing between the particles. This process is repeated, resulting
successive curved sheets of precipitate (Ricks et al, 1979).

2.2.2.2.3 Precipitation from supersaturated ferrite

Rapid rates of polymorphic transformation can result in partial or complete

restriction of copper precipitates during austenite to ferrite transformati
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Austenite

(a)

Austenite

(b)
•Cu

Supersaturated Ferrite

•Cu

Fig. 2.14 (a) Schematic diagram illustrating the transfer of copper along the
austenite/ferrite interface for planar interphase precipitation and (b) the transfer
of copper across the interface to form supersaturated ferrite at lower
transformation temperatures (Ricks et al, 1979).
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precipitates.

Precipitation can subsequently occur in the ferrite under favourable conditions.

During interphase precipitation, the interplanar spacing of the precipitate lay
is a function of the rate of the austenite to ferrite transformation. Under the
influence of a high thermodynamic driving force generated at lower
transformation temperatures, the height of the mobile incoherent ledges
decreases to allow diffusion of solute along the boundary on the less mobile,

semicoherent interface (Fig. 2.14(a)). Under certain conditions, the driving for
for the austenite to ferrite transformation may be sufficiently high for the
incoherent boundary segments to move too rapidly for complete redistribution
of solute. The mode of solute transfer then changes from diffusion along the

interface to diffusion across the interface, thus leading to supersaturated ferr
(Fig. 2.14(b)) (Ricks et al, 1979). At even higher transformation rates (lower

temperature), ferrite may form by a shear mechanism resulting in bainitic and/or
martensitic structures which are invariably supersaturated with respect to
copper (Ricks et al, 1979; Yoo et al, 1994; Yoo et al, 1995).

Holding of supersaturated ferritic and/or martensitic structures at an appropri
temperature can result in copper precipitation (Hornbogen, 1964; Ricks et al,
1979; Yoo et al, 1994; Yoo et al, 1995). The precipitates can nucleate within
the ferritic/martensitic matrix on defects, particularly dislocations generated
during transformation. Without the restrictions imposed by precipitation at the
austenite/ferrite interface, the particles grow in multivariants of the K-S
orientation relationship.
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Fig. 2.15 Comparative corrosion curves for three grades of steel in an industrial
atmosphere (Copper Development Association, 1961).
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Table 2.1 Mechanical properties of steels shown in Fig. 2.15 (Copper
Development Association, 1961).

Approximate Chemical

Mechanical Properties

Composition
C

Mn Cu

Si

Cr

TS
YS
E
(GPa) (MPa) (MPa)

El.min
(%)

Mild Structure
Steel

0.3

0.5

-

-

0.3

0.5

0.3

-

0.1

0.3

0.3

0.5

20.7

231

462

20

-

20.7

231

462

20

1.0

20.7

338.8 539

20

-

Copper-bearing
Steel
Cor-Ten Type
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223 New Generation of Cu-bearing HSLA Steels
Copper bearing HSLA steels with the addition of Ni and Cr have assumed
considerable importance in recent years. Their corrosion resistance is
considerably better than that of unalloyed copper bearing steels and they

the added advantages of possessing a higher strength partly attributable t
copper precipitation hardening.

The corrosion resistance of Cu-bearing HSLA steels (Cor-Ten Type) is compa

in Fig. 2.15 with that of mild steel and normal copper bearing steel. The b

corrosion resistance of these steels is dependent on a protective rust fil

surface which can be enhanced by an additional sealing effect on the pores
the rust by Cr and Ni (Copper Development Association, 1961).

Some mechanical properties of the steels shown in Fig. 2.15 are given in T
2.1 which indicates that the copper bearing HSLA80 steel shows a 50%
improvement in yield strength due to the solution strengthening and grain
control by copper. This enables a considerable reduction in thickness of

structural parts, reducing the overall cost of a structure. With the additi
to avoid the hot shortness, copper bearing HSLA steels have been widely
produced commercially without hot shortness problems being significant.
Krishnadev and LeMay (1970) reported that alloys with 2%Cu can be heat

treated to obtain yield strength levels beyond 860MPa (125ksi) while retai

reasonable ductility. The high strength is attributed to the martensitic s

formed by quenching followed by the age hardening treatment. Based on this

result, extra low carbon HSLA steels with yield strengths in the range 830
1030MPa have been developed by optimum combinations of precipitation
hardening due to copper and niobium (Nb) and transformation substructure
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strengthening due to manganese (Mn) and molybdenum (Mo) (Krishnadev and
Galibos, 1974).

A new pipeline steel was developed by Nippon Kokan of Japan (Tsukada et al,

1981) based on the precipitation hardening of copper. This steel has a yiel
strength of 456-491MPa and Charpy absorbed energy of more than 100J at -60
°C after normalising and aging.
A research project was undertaken in Laval University (Canada) to develop

copper containing steels for structural applications in energy and resource

transportation and conversion systems (Cutler et al, 1981). The experimenta
steels are based on higher copper and lower carbon levels than normal

weathering steels and contain niobium and titanium. It has been concluded t

there is considerable scope for the development of a new class of higher co
content steel for low temperature applications. By control of processing
variables, including thermomechanical processing and age hardening, a wide

range of engineering properties (536-1016MPa yield strength and -15 to -130

°C transition temperature) can be achieved in these low carbon low alloy s

2.23.1 ASTM A710 Type Copper Bearing Steels
Low carbon copper bearing HSLA steels of the ASTM A710 type have been

used as structural steels for low temperature applications because of a su

combination of strength, low temperature toughness and excellent weldabilit

(Abe et al, 1987; Wilson, 1988; Es-Souni et al, 1990; Yoo et al, 1994). They
also show versatility in production as conventional reheated, quenched and
tempered; direct quenched and tempered; or hot rolled and aged, conditions

(Krishnadev et al, 1988; Dunne et al, 1994; Yoo et al, 1994; Yoo et al, 1995
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The microstructure of A S T M A 7 1 0 steel plate consists of proeutectoid ferrite
grains with small amounts of pearlite, bainite, and martensite-austenite

constituents (Hicho et al, 1984; Miglin et al, 1986; Hicho et al, 1987). N
is present as a microalloying element to refine the austenite grains on
subsequent cooling. Low carbon content of the alloy promotes a good

combination of toughness and weldability by minimising the volume fraction

carbide containing microconstituents, although at the cost of strength and

hardness. Therefore, copper is added to produce precipitation hardening by

copper rich particles during an aging treatment applied to the processed s
(Hornbogen and Glenn, 1960; Russell and Brown, 1972; Abe et al, 1987; Yoo
al, 1994).

2.2.3.1.1 Classification system

ASTM A710 type steels are low carbon, Cu-Ni-Mo-Nb, copper precipitation

hardened steels which have been subjected to a number of investigations ov

the years. According to the ASTM standard specification for A710 steel (AS

Designation, 1984), there are two different grades. Grade A provides minim

yield strength levels ranging from 380 to 585MPa (55 to 85ksi) and Grade B
has the minimum strength range of 515 to 585MPa (75 to 85ksi). Most
development has occurred for Grade A steels. The composition and three

classes of A710 grade A steel are given in Table 1.1. All three classes i
aging heat treatment to achieve high strength by copper precipitation
hardening.

The A710 steels were known as IN-787 steels during their early development

the late 1960s and first commercial production in 1970. IN-787 steel was a

modification by the International Nickel Company of an earlier alloy syste
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called "Nicuage" (Krishnadev and LeMay, 1970). The IN-787 family of steels

was subsequently developed to ASTM specifications for structural (A710) and
pressure vessel (A736) applications. A military specification, MIL-S-24645
(SH), also known initially as "HSLA80", was developed by the U.S.Navy

(Military Specification, 1984) from the A710 steels. Increasing tonnages of
A710 steels are being used in various applications, such as ship building
(Kvidahl, 1985), machinery and offshore platforms (Jesseman and Murphy,
1983).
In these steels, the heat treatments of quenching and normalising (class 3

class 2 of A710 type steel, respectively) are conventionally applied before
aging treatment to improve mechanical properties. To further improve

properties, especially the weldability, thermomechanical processing can als

utilised for HSLA steels with a modified A710 composition (Krishnadev, 1983
Williams etal, 1988).

2.2.3.1.2 Age hardening response

In general, the age hardening behaviour of copper in steel depends on the
original copper content, degree of supersaturation, and aging time and

temperature. These factors are related to each other during aging treatment

only the overall effect can be observed from the aging curve. Therefore, th

factors should be carefully examined in order to investigate the separate e
of each parameter on the copper age hardening response.

As a precipitation hardening class of structural steel, proper aging treatm

important to achieve adequate properties. It was shown that aging at 540-70

°C raises yield strengths in all three classes of A710 type steels by up to
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175MPa (Jesseman and Murphy, 1983). Strength and toughness levels are
mainly influenced by the age hardening temperature with changes being

gradual and easily controlled. Time at temperature and cooling rate after age
hardening have only relatively minor effects.
Hicho et al. (1983) reported their study of the effect of thermal processing
variations on the mechanical properties and microstructure of A710 Grade A,

Class 3 (Q&A) steel. The main conclusion was that the size and amount of fine

copper rich precipitates are sensitive to the aging treatment and that copper
precipitation hardening is one of the major strengthening mechanisms
determining the mechanical behaviour of the alloy. Hicho et al. (1987) later

demonstrated that the variations in properties caused by heat treatment can b
attributed to the variation in the copper precipitate distribution.

Abe et al. (1987) revealed that accelerated cooling and direct quenching afte

controlled rolling enhanced the formation of a bainitic "ferritic" microstru
which can improve the strength and toughness of A710 type modified steels.
The improvement of mechanical properties was partly attributed to the
retardation of recrystallisation during hot working due to a copper addition

over 1% and the suppression of e-Cu precipitation on cooling because of rapid
quenching.

2.2.3.1.3 Certification of HSLA80 steel in naval construction

The attractive properties of ASTM A710 type steels have led to the
development of those tough strong structural steels in naval structures.
As pointed out in the introduction of this thesis (Chapter 1), most of the

conventional high strength steels used in navy construction, particularly HY8
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and HY100, develop their strength levels from a quench and temper (Q&T) heat
treatment. The result is a martensitic structure which requires the use of

stringent welding process controls and specially designed filler materials t
retain adequate properties in the as welded condition. Unfortunately, these

requirements as well as the Q&T heat treatment of the base plate, increase c
considerably (Philips, 1982).

Beginning in 1980, the U.S.Navy carried out a certification program for HSLA

steels for use in ship construction (Montemarano et al, 1986). The primary g
was to reduce ship building costs through improvement of welding processes,

materials, and processing technologies, whilst simultaneously improving ove
quality (Montemarano et al, 1986).

Three classes of HSLA steels were chosen for certifying 550MPa HSLA steel fo

use in destroyers and other surface ships. They were: (a) copper precipitati
strengthened; (b) control rolled; and (c) Mn-Mo-Nb quenched and tempered

steels. Extensive mechanical property and weldability testings were carried

on these steels. Tests of sample steels from each class showed that the copp

strengthened steel based on the ASTM A710 Grade A, class 3 (Q&A) steel could
immediately meet the property goals without requiring any alloy development
or modifications.

The successful certification of the Q&A HSLA80 steel based on the A710 Grade
A class 3 steel has led to wide acceptance of this steel around the word.

Significant tonnages have been produced as a replacement for HY80 in cruiser
deck (LeMay et al, 1984; Kvidahl, 1985), bulkhead and hull applications
(Kvidahl, 1985), fittings, machinery, and offshore platforms (Jesseman and
Murphy, 1983).

Chapter Two

Literature Review

45

2.23.2 A S T M A710 Type Modified Steels
Thermomechanical control rolled processing (TMCP) has been utilised to

produce offshore structural steel based on the ASTM A710 chemistry (Tornit
al, 1986; Killmore et al, 1989). To produce ASTM A710 steel by the TMCP

process route, modification of chemical composition is necessary because t
alloy design of this steel is more suitable for Q&A processing (class 3),

than as rolled and aged condition (class 1), due to the high quench harden

provided by significant addition of Ni, Cr and Mo (Table 1.1). Consequentl
A710 class 1 steel plate with a conventional composition exhibited a much
lower toughness than that of class 3 steel (Jesseman and Murphy, 1983;
Montemarano, 1986). A TMCP A710 type steel with a modified composition
has been reported to show improved toughness of the base plate and heat

affected zone relative to the conventional A710 class 1 steel (Tomita et a
Killmore etal, 1989).

As offshore structures of large size are often installed in cold regions a

deep seas, steels of high tensile strength and low impact transition tempe

are required for these applications. To meet the increasingly stringent pr

demands for offshore applications, steel plates with a maximum thickness o
80mm, yield strength >450MPa, tensile strength >570MPa and high notch

toughness of the weld joint have been developed in Japan (Tomita et al, 1986)

This new Cu-bearing steel with a modified A710 type chemical composition h
been produced by TMCP. In this work, Mn up to about 1.5% was found to

increase the strength substantially and at the same time to increase tough
However, higher Mn content was found to decrease the heat affected zone

toughness. The main modifications of composition of this A710 modified ste
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were reduction of carbon and increase in Mn content. The effect of Mn in
increasing the strength of A710 steel was also realised by Wilson (1987).

Recently, BHP Steel Slab and Plate Products Division (SPPD) at Port Kembla,

Australia, developed an even higher strength grade (550MPa) steel for offs
and naval applications by using a TMCP process (or control rolling (CR)
process) (Killmore et al, 1989). A modified leaner alloy design has been

employed to facilitate TMCP for plates up to 50mm thick. Test plates with a

thickness less than 25mm showed a yield strength in excess of 550MPa (80ksi

and can be classified as HSLA80 steel or CR HSLA80. Plates in the thickness
range 25-50mm had slightly lower yield strengths, but still were in excess
500MPa (73ksi).
The chemical composition of this steel is shown in Table 1.2 (Chapter 1),
together with that of conventional A710 steel. Compared to conventional
A710 steel (Table 1.2), the main differences in chemical composition are:
(1) the elimination of Cr and Mo additions; (2) an increase in Mn content;
reduction of C and Nb contents; and (4) the introduction of a small amount
Ti.

The Cr and Mo are eliminated because high hardenability is not required whe
TMCP is used. The increase in Mn was designed to offset the strength

reduction arising from the elimination of Cr and Mo and the reduction of C,
well as to increase the heat affected zone toughness (Tomita, 1986). The
reduced carbon equivalent level due to the reduction of C, Cr, Mo and Nb,

together with the small additions of Ti, provide enhanced weldability of th
steel. Furthermore, the reduced alloying content means that this steel can
produced more cheaply than conventional A710 type steels.
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In this alloy system, the improvement of mechanical properties was larg

attributed to the fine polygonal/quasi-polygonal ferrite grains and co

precipitation developed by a TMCP route and a subsequent aging treatmen

2.3 Microstructural Features and Terminology
The ferritic products formed in the conventionally hot rolled or cold

annealed structural steels typically consisted of equiaxed or polygona

grains (Leslie, 1981). Cementite may also be present in dispersed pearli

colonies in the hot rolled steel plates or as dispersed spheroidised p

cold rolled and annealed sheet steels. Recent commercial development of

and ultra-low carbon steels by optimum balancing of chemistry and mode

thermomechanical processing treatments has led to the elimination of c

from the microstructure, and further addition of Nb and Ti to the steel
composition completely remove carbon from interstitial solid solution
(Pradhan, 1990).
In contrast to the equiaxed or polygonal ferritic microstructures of

conventionally hot rolled or cold rolled and annealed steels, the ferri
microstructures formed by decomposition of austenite in modern
thermomechanical control processed steels often assume non-equiaxed

morphologies. The temperature range in which the non-equiaxed morpholog

of ferrite form is intermediate between those at which austenite trans

equiaxed ferrite/pearlite and martensite formation, and therefore is th

that in which bainite forms in medium carbon steels. However, the low a

ultra-low carbon ferritic microstructures which form at such intermedi

temperatures are different in variety and form from classical bainite s
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Fig. 2.16 Time-temperature-transformation diagrams for pure iron: (a) if fee iron
is quenched from 914 °C to room temperature at a rate of about 10 5 °C/s, the
diffusive fcc->bcc transformation will be suppressed; (b) the progress of
martensitic transformation in pure iron (Ashby and Jones, 1986).
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Wilson (1994) recently reviewed the fundamental microstructural features and
mechanisms of austenite transformation in iron and low carbon steels. The major
variables which control the structures and properties of the transformation
products formed on isothermal and continuous cooling

are the alloy

composition, the structure of austenite and the nature of the thermal cycle. At a
more

fundamental

level, these

factors

will

determine

the

kinetics,

thermodynamics and mechanisms of austenite decomposition.

In the following sections, the characteristics of the various isothermal a
continuous cooling transformation products are reviewed in low and very low
carbon microalloyed steels which are being increasingly developed to improve
weldability and toughness without compromising strength. Various bainitic and
ferritic classification systems for transformation products formed at intermediate
temperature ranges are also presented and compared with each other.

23.1 Martensite

23.1.1 Transformation Characteristics

Pure iron (Fe) has different crystal structures at different temperatures.
stable structure below 914 °C is body centred cubic (bcc) and above 914 °C is
face centred cubic (fee) (Fig. 2.16(a)). If fee iron is cooled at a very fast cooling
rate (100,000 °C/s) (Fig. 2.16(a)), then the fee iron undercooled by nearly 900
°C at room temperature would be associated with a huge thermodynamic and
kinetic driving force for the fee to bcc transformation. In fact, on continuous
cooling at about 550 °C (the temperature at which martensite starts to form from
pure iron, M s ) , the driving force is so large that the fee iron cannot remain stable
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and it begins to transform to a bcc structure by bursts of nucleation and growt
of martensitic units as fast as the speed of sound in iron (Ashby and Jones,
1986). This transformation characteristic has been described as athermal
nucleation and growth of martensite, meaning that martensite formation is only
function of temperature and does not depend on time. Martensite crystals begin

to grow at about 550 °C (Fig. 2.16(b)), causing strain in the surrounding matri
and absorbing some of the driving force as strain energy. Then fewer

martensitic crystals nucleate and grow because of decreasing driving force, and
finally the transformation stops. In order to obtain more martensite, the iron
needs to be cooled to a lower temperature which provides additional chemical
driving force for the transformation. Even at this lower temperature, the

martensitic transformation will stop when the extra driving force has been used
up in producing martensite and creating strain energy. In fact, to obtain 100%
martensite, the iron needs to be cooled down to 350 °C, the temperature at
which the martensite transformation finishes, which is known as the Mf

(martensite finish) temperature. This martensitic transformation process can a
be generalised to carbon and alloy steels.

23.12 Martensite Structure and Morphology

Martensite in low carbon steels is a body centred tetragonal (bet) solid soluti
with a high concentration of interstitial carbon atoms and is formed from

austenite without diffusion during rapid quenching. Generally, martensite forms
athermally between Ms and Mf temperatures, which depend only on the

composition (carbon and alloying elements) of austenite. Since the martensite i
metastable, the carbon atoms tend to come out of solution and precipitate from

the bet martensitic structure, reducing the tetragonality. Over longer times o
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higher temperatures, the martensite transforms to more stable ferrite and
by the process of tempering. The hardness of martensitic carbon steel is

five times that of annealed steel and this is attributed mainly to the so
hardening of interstitial carbon atoms (Thelning, 1975).
Morphologically, there are two kinds of martensite in carbon steels: lath
martensite and plate (twinned) martensite.

Lath martensite is formed in low and medium carbon steels (<0.6%C) as pack

of essentially parallel lath shaped units which are too fine to be resolve

optical microscopy. Kelly and Nutting (1961) were the first to examine low

carbon lath martensite by transmission electron microscopy and they concl

that it consisted of interconnected laths with a high dislocation density

available data indicate that the dominant structural feature of lath mart
the dislocation density which can be as high as 1015-1016m"2 (Reed-Hill and
Abbaschian, 1992). Originally, it was thought that the heavy dislocation

density was due to the lattice invariant shear occurring by slip as revie

Wilson (1994). However, as pointed out by Bhadeshia and Christian (1990), t

dislocations for the lattice invariant shear must he in the martensite/au

interface, and therefore, they concluded that martensite inherits the disl
from the austenite due to the plastic accommodation accompanying the
transformation.

The reported crystallographic relationships between adjacent laths within

packet are either of similar orientation or twin-related (Speich and Warl

1968; Das and Thomas, 1970; Rao et al, 1976). Careful transmission electron

microscopic analysis has shown that the high temperature austenite phase c

be stabilised between the martensite laths and that the orientation relat

between martensite and parent austenite phase can be Kurdjumov-Sachs (K-S)
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(1930) or the Nishiyama-Wasserman (N-W) (1933, 1934) relationship (Law et al.
1979; Rao and Thomas, 1980; Lee et al, 1987; Katsumata et al, 1991).

Plate martensite forms in high carbon steels (>0.8%C), and lenticular plates o

martensite have a clear boundary with retained austenite. The lenticular plate
shaped martensite is attributed to constraining forces imposed by the
surrounding austenite matrix which becomes work-hardened because of the
stresses induced by the transformation. This work-hardened austenite resists

further growth of martensite plates and finally stops the transformation. More

detailed observations with electron microscopy reveal that each plate consists
of fine transformation twins with a width of about 5nm. The twins do not
extend completely to the plate edges, but degenerate into complex dislocation

arrays. There are also dislocation networks, faults and defects in the struct
plate martensite (Krauss, 1990; Olson and Owen, 1992).

232 Bainite and Bainite Classification Systems

Davenport and Bain (1930) introduced the bainite structure to metallurgists on
the basis of optical microscopy of medium carbon steel specimens which were
isothermally transformed at temperatures between those at which pearlite and
martensite are formed. Etching differences established the microstructures as
different from pearlite and martensite, and eventually the unique ferritei

cementite aggregate was called "bainite" to honour Bain's contributions to the
understanding of the physical metallurgy of steels (Kennon, 1973; Bhadeshia,
1992). Two different morphologies of bainite which form in medium carbon

steels were designated later as upper and lower bainite by Mehl (1939). In thi
early work, upper bainite was reported to form between 585-627 °C and lower
bainite between 200-400 °C.
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Schematic illustrations of various ferrite (white)-cementite (dark)

bainite morphologies: (a) nodular bainite; (b) columnar bainite; (c) upper bainite;
(d) lower bainite; (e) grain boundary allotriomorphic bainite; and (f) inverse
bainite (Reynolds Jr. et al, 1991).
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On the time-temperature- transformation (TIT) diagrams of plain carbon steels,
the bainite transformation temperature range usually overlaps the pearlite

reaction range and bainite usually occurs below the nose of C-curve for pearli
formation. However, in medium carbon steels particularly those containing
molybdenum (Mo) and boron (B), the formation of bainite is associated with a

separate C-curve from that of pearlite formation, being at a temperature range
lower than the transformation to pearlite. The maximum transformation
temperature is called the bainite start temperature "Bs" and usually is well
below that of the eutectoid temperature.
From the early recognition of bainite as a unique microstructural constituent
steels, the non-lamellar combination of ferrite and cementite has been an

important characteristic of bainite. Aaronson (1969, 1991) strongly supports t
microstructural definition of bainite as a product of non-lamellar, noncooperative mode of eutectoid decomposition of austenite. The eutectoid

phases are ferrite and cementite and six morphologies of ferrite and cementite
are now recognised as bainite by Aaronson and his colleagues (1991). Figure
2.17 shows these morphological features schematically. Upper bainite consists

of sheaves or groups of parallel ferrite crystals in the form of laths or pla
discontinuous interlath cementite particles (Fig. 2.17(c)). In lower bainite,
crystals contain the carbides at an angle about 55 to 60 degrees to the long

axes of the ferrite (Fig. 2.17(d)). However, in many low carbon low alloy ^ste
cementite is not associated with the transformation products formed at
intermediate temperature between those of ferrite/pearlite and martensite
(Habraken and Economopoulos, 1967; Lee et al, 1987; Thompson et al, 1990;

Araki et al, 1991). Therefore, various classification systems for bainitic-lik
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Fig. 2.18 S c h e m a t i c d i a g r a m s s h o w i n g three f o r m s o f bainite: (i) carbide-free
bainitic ferrite, bainite I; (ii) typical u p p e r bainite m o r p h o l o g y , bainite II; a n d (iii)
bainite III w h i c h is similar to l o w e r bainite ( O h m o r i et a l , 1 9 7 1 ) .
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Fig. 2.19 Schematic representation of the isothermal (a) and continuous cooling
(b) transformation diagrams of a low carbon steel showing three forms of bainite
in association with the temperature range of formation: bainite I being a carbidefree form; bainite II being a form similar to upper bainite; and bainitefflbeing a
form similar to lower bainite (Ohmori et al, 1971).
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acicular ferrite
with
intralath(plate)
precipitation

acicular ferrite
with
interlath(plate)
particles or films

acicular ferrite
with
'discrete-island'
constituent

cementite (B^)

cementite (Bp

austenite (B*)

epsilon carbide (B*)

austenite (B")

martensite (B™)

martensite (B 2 )

pearlite (B*)

Fig. 2.20 Proposed morphological classification system for bainite (Bramfitt and
Speer, 1990).
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ferritic microstructures have been proposed which incorporate microstructures
without cementite.
Ohmori et al. (1971) used dilatometry, and optical and electron microscopy to
study the bainite transformation in low carbon low alloy steels. The ITT- and
CCT-diagrams were constructed for the alloys, with particular emphasis being
placed on the transformation characteristics and morphologies of the bainite.

The main findings of the study are shown in Figs. 2.18 and 2.19, which indicat

schematically the mechanism of formation of bainite I, n, HI, and the relative

locations of each phase field in the TTT- and CCT-diagrams, respectively. Thes
authors concluded that the bainites formed at temperatures below 600 °C were
divided into the three distinct types, by morphology and transformation
temperature. Bainite I was described as carbide-free bainitic ferrite, formed
between 600-500 °C in the TTT- and CCT-diagrams. Bainite II was described
as a ferrite lath structure separated by layers of cementite, which formed
between 500-450 °C during isothermal transformation. During continuous

cooling, bainite II formed after bainite I, but only at intermediate cooling r
Bainite HI was described as lathlike ferrite with a cementite morphology in a
similar fashion to that of medium to high carbon lower bainite, which formed
between -500 °C and Ms during isothermal transformation and only at cooling
rates approaching the critical cooling rate for martensite formation during

continuous cooling. All three types of bainite morphologies were considered to

be upper bainite as regards their elongated ferritic crystals, but they can di
terms of the presence or absence of carbide, and its morphology.

Bramfitt and Speer (1990) have also proposed a general classification system f
bainitic products formed during isothermal and continuous cooling
transformations in low carbon steels (Fig. 2.20). Three major morphological
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features of bainite have been presented and symbolised as B 1? B 2 , B 3 , all based
on an acicular nature of the ferritic crystal. The differences in the types
bainitic products are dependent on the type and association of other second

phases such as martensite, austenite, carbide and pearlite with ferrite in t

bainitic structures. For example, in the B2 and B3 type morphologies, martens
may form from austenite retained between ferrite units. This phenomenon is
frequently observed in both isothermally and continuously cooled low carbon

steels, and partially transformed interlath austenite is commonly referred t
martensite-austenite (MA) constituent of the ferritic and/or bainitic like
microstructures. The Bramfitt-Speer bainite classification system is an

appropriate nomenclature for bainites with acicular morphologies of ferrite,

as is reviewed in following sections, it does not describe all of the ferrit

microstructures observed in the low carbon steels, and the term "acicular" c
lead to some confusion.

233 Classification of Ferritic Transformation Products
The studies of austenite transformation in the 1960s and 1970s established

many fundamental aspects of transformation mechanisms and structures in pure
irons and low carbon steels. Wilson (1994) and Maki (1994) have written
comprehensive recent reviews of austenite to ferrite transformation in low

steels, evaluating transformation start temperature plateaus as a function o
cooling rate for various transformation mechanisms. However, the types of
ferritic structures formed during isothermal and continuous cooling

transformations in low and ultra-low carbon steels are quite complex and re
in origin (Symposium Book, 1994). The importance of understanding the

factors controlling the ferritic microstructures is addressed by the fact t
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Fig. 2.21 Typical continuous cooling transformation diagrams of low carbon
steels: (a) an ultra-low carbon steel investigated by ISU Bainite Committee
(Araki, 1992); (b) a low carbon H S L A steel examined by T h o m p s o n et al. (1990).
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common metallurgical treatments (such as thermomechanical processing,
welding and forging) involve continuous decomposition of austenite over a

wide range of cooling rates, resulting in microstructures much different tha
those ferrite/pearlite structures formed in medium to high carbon steels.

Recent attempts to classify ferritic transformation products in low and ult
carbon steels include the proposals by Bhadeshia (1992); the International
Institute of Welding (HW) (1985); the Krauss system (Thompson et al, 1990;
Krauss and Thompson, 1994; Krauss and Thompson, 1995); and the Bainite

Committee of the Iron and Steel Institute of Japan (ISIJ) (Araki et al, 1990
Araki etal, 1991; Araki, 1992; Araki and Shibata, 1995). Whereas Bhadeshia's
classification system has its origin largely in fundamental studies of
transformation mechanisms, the ISIJ and Krauss nomenclatures are based on
detailed observations of the structures of low carbon microalloyed steels
transformed under defined conditions following continuous cooling

transformation. The HW classification is also empirical and provides guidel

for optical identification of ferritic microstructures which may form in low
carbon steel weld metals and heat affected zones, and has also established
metallographic procedures to estimate the amount of each type of ferritic
structure formed in the welded structures.

Figure 2.21(a) shows a typical continuous cooling transformation diagram fo

ultra-low carbon steel investigated by the ISIJ Bainite Research Group (Arak
1992) and an HSLA plate steel evaluated by Thompson et al. (1990), Fig.

2.21(b). The composition of the ultra-low carbon steel is given in the figur
the HSLA steel contains (in mass%): 0.06C; 1.45Mn; 1.25Cu; 0.97N1; 0.72Cr
and 0.42Mo. As can be observed in both diagrams, the intermediate
transformation products form a major "bainitic" transformation region at
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Table 2.2 Symbols and nomenclature for ferritic microstructures according to
ISIJ Bainite Committee (Araki et al, 1991; Araki, 1992).

Symbol

Nomenclature

I 0 Major matrix-phase
Polygonal ferrite
Quasi-polygonal a
Widmanstatten a
(Granular bainitic) a
Bainitic ferrite
Dislocated cubic martensite
II0 Minor secondary phases

MA
a'M
aTM
B
P'
P
0

Retained austenite
Martensite-austenite constituent
Martensite
Auto-tempered martensite
BII, B2: upper bainite
Bu: upper bainite
B L : lower bainite
Degenerate pearlite
Pearlite
Cementite
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Fig. 2.22 (a) Transformation start temperature as a function of cooling rate and
(b) associated transformation curves for various transformation products in an
iron containing 0.11%C (Wilson, 1984)
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temperatures intermediate between those of polygonal ferrite and martensite

formation. The various types of ferritic/bainitic structures which form in th

phase fields are labelled with the ISIJ Bainite Committee notation for the ul
low carbon steel (Table 2.2). For the HSLA steel, the Krauss nomenclature
system is used to identify the regions of CCT-diagram by the letters: A

austenite; PF, polygonal ferrite; WF, Widmanstatten ferrite; AF, acicular ferr
GF, granular ferrite; and M, martensite.
As noted above, in addition to the CCT-diagrams, the various austenite
transformation mechanisms and microstructures have been fundamentally
related to temperature ranges of formation and isothermal transformation

diagrams. For example, Wilson (1994) has correlated continuous cooling arrest
temperatures for various austenite decomposition mechanisms in low carbon
steels to independent C-curves on the TTT-diagrams (Fig. 2.22). As can be
observed, each transformation product has a unique transformation start

temperature plateau over a range of cooling rates established by the mechanis

of the transformation. At a critical cooling rate which corresponds to the no
of a C-curve on a TTT-diagram, a given transformation mechanism is supposed,
and transformation shifts to a lower temperature at which transformation
proceeds by another mechanism.
The following sections briefly describe the various types of ferritic
microstructures which have been observed in isothermally and continuously
cooled low carbon steels. Each type of microstructure may be described by
several terms, depending on the classification system or terminology used by
investigators. In many cases, the characterisation of the austenite
decomposition is not yet fully understood and considerable work is necessary
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(a)

(b)

Fig. 2.23 Schematic diagrams of polymorphic transformation products in a low
carbon steel: (a) polygonal ferrite, ccp; (b) quasi-polygonal ferrite, aq.
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to establish the transformation mechanisms and kinetics associated with the
microstructural evolution.

233.1 Polygonal Ferrite

All classification systems nominate that the ferrite which forms at the high
isothermal temperatures and slowest cooling rates in low carbon steels is
nucleated as grain boundary allotriomorphs and grows into an equiaxed or

polygonal shaped ferrite grains (Fig. 2.23(a)). In view of the equiaxed grai

geometry, this type of ferrite is referred to as polygonal ferrite and symbo
"a" by Bhadeshia (1992); "PF" by Krauss (Thompson et al, 1990; Krauss and
Thompson, 1995); and "ap" by the ISIJ Bainite Research Committee (Araki et

al, 1990; Araki et al, 1991). The HW system terms this morphology as primary

ferrite (PF), and distinguishes primary ferrite nucleated on grain boundarie

in grain interiors as PF(G) and PF(I), respectively (International Institute
Welding, 1985).

Wilson (1994) reviewed evidence for nucleation of polygonal ferrite at auste

grain corners, and confirmed that the ferrite interfaces cross original aust
grain boundaries. Therefore, the parent austenite grain boundaries are not
distinguishable after transformation to polygonal ferrite. In contrast, in

specimens partially transformed to polygonal ferrite, the small ferrite grai

clearly outline the parent austenite grain boundary structure. It has been a
concluded that the growth of polygonal ferrite is controlled by rapid
substitutional atom transfer across partially coherent boundaries, and that

range diffusion of carbon atoms occurs, by rejection from the growing ferrit

(Wilson, 1994). Partitioning of substitutional alloying elements may occur at
interfaces of polygonal ferrite, a phenomenon which may cause significant
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reductions in growth rates of grain boundary ferrite allotriomorphs (Aaron
and Domian, 1966; Hillert, 1982).

233.2 Quasi-polygonal Ferrite

Quasi-polygonal ferrite is associated with the formation of polymorphic fe

with interfacial facets rather than curved boundaries as the transformation

temperature decreases. As a result, the growth mode of this ferritic produc

becomes irregular and it often forms with jagged grain boundaries (Fig. 2.
This non-polygonal shaped ferrite, is called quasi-polygonal ferrite "aq"

Japanese bainite committee (Araki et al, 1990; Araki et al, 1991; Araki, 19

Araki and Shibata, 1995), idiomorphic ferrite (oti) by Bhadeshia (1992), and
massive ferrite by Wilson (1984, 1994), Krauss (Krauss and Thompson, 1995)
and Edmonds (1994). This microstructure is similar to polygonal ferrite in
crosses and eliminates the prior austenite grain boundaries.

The quasi-polygonal ferrite grains are commonly observed in wrought steels

in the heat affected zone (HAZ) of low carbon steels. They are also frequen
associated with planar interphase precipitation of fine alloy carbides in

which are microalloyed with Nb, Ti or V (Dunne et al, 1984; Smith, 1987). T
implies a ledge mechanism is operative.

It has also been proposed that quasi-polygonal ferrite formation may be bas

on massive transformation of austenite which ideally results in ferrite of

composition as the parent austenite phase, because the transformation occu

short range diffusion across the transformation interfaces (Massalaski, 197

However, interstitial or substitutional partitioning of atoms may occur at

migrating interfaces, causing the observed irregular grain growth and jagge
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Fig. 2.24 Widmanstatten ferrite (large elongated white grains) formed in
H S L A 8 0 steel isothermally transformed at 600 °C for 100 seconds.

Dark

contrasting area are martensite formed during quenching after isothermal hold
(Krauss and Thompson, 1995).
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grain boundaries of quasi-polygonal ferrite (Hillert, 1984). In contrast to

polygonal ferrite, quasi-polygonal ferrite contains a higher dislocation de
and dislocation subboundaries, resulting from a higher kinetic and
thermodynamic driving force generated by lower transformation temperatures
(Shibata and Asakura, 1994; Cawley, 1994).

2333 Widmanstatten Ferrite
Widmanstatten ferrite has a characteristic morphology of elongated ferritic

crystals which are generally nucleated and formed from prior allotriomorphic
ferrite grains pre-nucleated on the austenite grain boundaries (Fig. 2.24).

type of ferritic product usually appears uniformly as light-etching plate-s

ferrite regions with no evidence of substructure within the individual crys
the level of optical microscopy. The most common type is referred to as
Widmanstatten side-plate ferrite because it nucleates and grows on one side

pre-existing ferrite grains at the prior austenite grain boundaries (Aarons
1962; Aaronson et al, 1990; Okaguchi et al, 1991).

The ISIJ Bainite classification system uses the symbol "ccw" for Widmanstatt

ferrite, and notes that the characteristic of lath or plate shaped grains of

OCw is further described as "mostly recovered ferritic crystals" to indicate
relatively low dislocation substructure. The HW system describes

Widmanstatten ferrite as regions of two or more high aspect ratio (greater t

4:1) ferrite laths. The term Ferrite with Aligned Second Phase (FS(A)) is fu

used for these regions of microstructure, and Widmanstatten side-plate ferr
has specifically been identified as FS(SP).
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LARGE AUSTENITE
GRAIN SIZE GRAIN SIZE
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SMALL AUSTENITE
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/

ACICULAR FERRITE
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ALLOTTUOMORPHIC
FERRITE
(b)

Fig. 2.25 (a) Schematic illustration of inclusion nucleated acicular ferrite in
coarse austenite grains and (b) the growth of grain boundary nucleated
allotriomorphic ferrite can cause a transition from bainite to acicular ferrite
(Babu and Bhadeshia, 1991).
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The transformation mechanism of Widmanstatten ferrite formation is stil

discussion (Bhadeshia, 1985; Aaronson, 1993; Ohmori, 1994; Edmonds, 1994)

There is general agreement that o^, forms at faster cooling rates and at
transformation temperature range lower than that of polygonal ferrite.

However, there are several opinions for the mechanism by which Widmanst

ferrite forms. Ohmori et al. (1991, 1994) have reported surface relief a

with isothermal Widmanstatten ferrite formation in low carbon steels, an

concluded that Widmanstatten ferrite nucleates via a diffusional proces

grows via a displacive mechanism. On the other hand, the diffusional gro

argue that the surface relief associated with Widmanstatten ferrite for

be produced by a diffusional ledge type mechanism (Kinsman and Aaronson,
1967; Shiflet and Aaronson, 1979; Aaronson, 1993).

233.4 Acicular Ferrite

Bhadeshia has introduced acicular ferrite as a unique microstructural f

steels to metallurgists who are seeking to design and development of st

tough alloy steels (Babu and Bhadeshia, 1991; Bhadeshia, 1992). Acicular

ferrite (cea and AF) is a phase most commonly observed from the transfo

of austenite in arc-weld deposits of low carbon steels (Grong and Matloc

1986; Babu and Bhadeshia, 1991). Therefore, the term acicular ferrite is

restricted to weld metals and wrought oxide inoculated steels which con

relatively large numbers of non-metallic inclusions capable of intragra

nucleation and growth of ferrite laths (Grong and Matlock, 1986; Nishio

Tamehiro, 1988). The formation of acicular ferrite in this way is promot
coarse prior austenite grains either in the weld metal or in the grain

heat affected zone of oxide inoculated steels (Fig. 2.25(a)). Because o
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emphasis on relatively fine grained wrought or normalised steels, the ISIJ

classification system does not include acicular ferrite. However, the presence o

acicular ferrite in welded structures can improve weld metal toughness, which is
generally compromised by the formation of Widmanstatten side-plate ferrite or

sheaves of relatively coarse bainitic ferrite laths nucleated from the pre-exis
allotriomorphic ferrite and prior austenite grain boundaries, respectively.
It has been reported that conventional bainite and acicular ferrite can be
obtained in the same steel composition (inclusion rich) under identical
isothermal transformation conditions (Babu and Bhadeshia, 1990; Babu and

Bhadeshia, 1991). To obtain bainite, the austenite grain size has to be small fo
the nucleation and growth of ferritic crystals directly at the prior austenite
boundaries and subsequent growth then swamps the interiors of the austenite
grains (Yang and Bhadeshia, 1987). For a larger austenite grain size,
intragranular nucleation and growth of ferritic crystals on the inclusions

dominates so that acicular ferrite is obtained. Using the same reasoning, acicu
ferrite cannot be formed when the number density of intragranular nucleation

sites is small (Harrison and Farrar, 1981). The prior austenite grain boundaries
can also be neutralised as a bainite promoter by the formation of pre-existing
inert allotriomorphic ferrite (Fig. 2.25(b)) or by the addition of boron which
segregates to the boundaries, reducing their surface energy and nucleation

potential to the extent that intragranular inclusions can nucleate acicular .fe
at a higher cooling rate (Babu and Bhadeshia, 1990).

The available evidence indicates that acicular ferrite is plate shaped, as is b

ferrite, and that the units of transformation are identical (Babu and Bhadeshia,
1990; Babu and Bhadeshia, 1991; Bhadeshia, 1992). The essential difference is

morphological as the bainitic ferrite forms in a sheave of parallel units, where
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Fig. 2.26 Examples of bainitic transformation products in low carbon steels
according to the ISIJ nomenclature:(a) bainitic ferrite "oc°B"; (b) mixture of
quasi-polygonal ferrite and granular bainitic "ocB" (Araki, 1992).
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acicular ferrite does not grow in a sheave form because of impingement between

independently nucleated plates at adjacent sites. The finer and multivariant

nucleation and growth of acicular ferrite is generally considered to substa
increase the energy required for fracture.

2335 Granular Bainitic and Bainitic Ferrite

The appropriate term for the variety of intermediate structures formed in lo

carbon steels is probably bainitic structures. The IIW uses the term ferrit
second phase (FS), and the second phase may be non-aligned (FS(NA)) or
aligned (FS(A)). The equivalent products in the ISIJ Bainite classification
system are granular bainitic (aB) and bainitic ferrite (a°B) (Fig. 2.26),
respectively. The transformation temperatures for the formation of these

structures are clearly in the intermediate temperature range, as shown in th
CCT-diagrams of Fig. 2.21. However, the differences between these two

structures are considered to be in the alignment of ferritic crystals in as

with minor dark contrasting islands of martensite-austenite constituent, as

a°B(FS(A)) shows packets of well defined lath or plate units, with the ferr
units being thinner and more highly dislocated and the second phase
constituent being smaller and more well aligned and elongated because of
formation at a faster cooling rate (Figs. 2.21, 2.26).

Bhadeshia (1992) describes these intermediate ferritic products simply as u
bainite. However, this description seems to be confusing because the dark

contrasting second phases located at the interlath or intersheaf boundaries

not normally cementite as in the classical upper bainite, but one or more a

of residual phases or mixture of phases such as retained austenite, martens

martensite-austenite constituent, carbide, and even degenerate pearlite and/
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pearlite, depending on the level of carbon partitioning in the remaining
regions and the thermal cycle conditions.

The other classification systems also recognise bainitic ferrite as a ki
intermediate microstructure. The Ohmori system identifies the structure

type bainite which consists of ferrite laths with untransformed austenit

Bramfitt/Speer system classes the structure as B2 type bainite consistin

acicular shaped ferrite crystals with interlath austenite (B2a), or interl

martensite (B2m). Krauss and Thompson have selected the terms acicular fer

(AF) and granular ferrite (GF) for these intermediate ferritic structure

symbols have been chosen to emphasise that the austenite transforms to a

phase ferrite with an acicular and non-acicular nature, respectively. Ho

the term acicular ferrite is widely used for welding structures to descr

elongated intragranularly nucleated ferrite, and this term should be res

ferritic crystals developed in the weld metals or oxide inoculated hot r
steels (Grong and Matlock, 1986; Babu and Bhadeshia, 1990; Babu and

Bhadeshia, 1991; Bhadeshia, 1992). In weld metal of low carbon steels, ac

ferrite is considered to consist of fine elongated crystals of aspect ra
4:1 which results from the nucleation and growth of several variants of

from oxide particles distributed throughout the weld metal. As a result,
welding literature regards intragranular nucleation and growth as major

characteristics of acicular ferrite (International Institute of Welding,
and Matlock, 1986).
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2.4 Summary and Scope of Present Work

Although the decomposition of austenite is one of the oldest and most we
understood research areas in physical metallurgy, industry continues to demand
innovative higher strength steels in order to lighten structural parts.

A

systematic alloy design trend of high strength combined with higher toughness
has led to the development of low and/or ultra low carbon steels. These
engineering requirements are mainly driven by plate and sheet steel applications
which, in addition to improved strength and toughness, have resulted in
increased weldability due to the lower carbon content. A decrease in carbon
content promotes a good combination of toughness and weldability by
minimising the volume fraction of carbide containing microconstituents, but
generally at the cost of strength and hardness.
To compensate for this lower strength, Cu-bearing steels are an attractive class
of H S L A steels in which copper can be added to the steel composition in a
certain amount to produce precipitation hardening by formation of copper rich
particles during an aging treatment (Hornbogen and Glenn, 1960; W a d a et al,
1983; Yoo et al, 1995). Hot rolled steels have been substantially improved by
microalloying and thermomechanical controlled processing in recent years
(Tarnura et al, 1988). Copper bearing high strength low alloy (HSLA) steels
have similarly been developed into commercially viable types of HSLAf steel.
Such tough strong alloys are considered to have a good balance of strength and
other mechanical properties such as ductility, toughness, fatigue resistance, and
workability by forming welding and machining. As a result, the carbon content
of this type of H S L A steels shows a necessary trend of lower and lower
amounts of carbon down to about 0.02%. In this case, the isothermally and
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continuously cooled products formed from the austenite will be different from

those in conventional quenched and tempered medium carbon grade structur

steels (Araki et al, 1990; Araki et al, 1991; Yang et al, 1994; Krauss a
Thompson, 1995; Araki and Shibata, 1995).

In general, a mixture of ferritic phases with different morphologies and

properties are to be expected on transformation over a wide range of iso

temperatures and continuous cooling rates. The morphological identificat

and classification system for such complicated structures has been gener

regarded as very difficult on the basis of classical knowledge on bainit
higher carbon steels (Thompson et al, 1990; Araki et al, 1990; Araki et
Krauss and Thompson, 1995; Ohmori 1995; Araki and Shibata, 1995). Such

non-classical microstructures usually have a variety of mixed phases con
of intermediate stage transformation products between those of purely

diffusional (ferrite and pearlite) and displacive martensitic (martensit
association with minor islands of carbon enriched austenite and/or its

transformation products, depending on the level of carbon partitioning i

remaining austenite and the thermal cycle. There are many difficulties a
problems on the identification of observed phases and sometimes serious

confusion in the terminology of the microstructures is apparent (Bramfit

Speer, 1990; Thompson et al, 1990; Araki et al, 1991; Araki 1992; Krauss

Thompson, 1994; Krauss and Thompson, 1995; Araki and Shibata, 1995). fTh
are areas which require further extensive investigations.

The transformation mechanisms of such non-classical intermediate stage b

structures has also been the subject of debate (Thompson et al, 1990; Ar

al, 1990; Araki et al, 1991; Edmonds, 1994; Ohmori, 1994; Ohmori, 1995; K

and Thompson, 1995). There are two main opinions regarding the mechanism
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the bainite transformation in steels. While one group asserts that it occu

diffusional (reconstructive) transformation, the other maintains that it i
(displacive) transformation. These arguments are still underway and no

agreement has yet been reached. Furthermore, it is still unclear if bainit

martensite, which are clearly distinguishable in medium carbon steels, can

distinguished in very low carbon low alloy steels as well (Thompson et al,

Araki et al, 1990; Araki et al, 1991; Bhadeshia, 1992; Krauss and Thompson,
1994; Watanabe et al, 1994; Krauss and Thompson, 1995; Ohmori, 1995;
Shibata and Asakura, 1995).
A series of investigations have been conducted on the isothermal and

continuous cooling transformation characteristics and microstructures form
intermediate temperatures and cooling rates using a CR HSLA80 plate steel.

This thesis describes these microstructures in terms of their morphologica

crystallographic characteristics, as well as the likely transformation mec
Moreover, in the practical manufacturing and heat treatment of steel, the
decomposition of austenite usually occurs during cooling rather than at
constant temperature. However, the anisothermal decomposition of austenite

has been generally studied isothermally because isothermal studies are not

simpler experimentally, but also have the great theoretical advantage that

the variable parameters, temperature, is constant. Therefore, it is desirab

relate the transformation behaviour of a steel during continuous cooling w
isothermal data.

Although there have been several attempts to predict the cooling transform

from an experimentally determined set of isothermal transformation diagram
(Grange and Kiefer, 1941; Manning and Lorig, 1846; Umemoto et al, 1980;

Umemoto et al, 1983), most of the previous studies have been limited either
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the beginning of transformation (Grange and Kiefer, 1941; Manning and Lorig

1846; Cahn, 1956; Kirkaldy, 1973) or to the continuous cooling transformati

over the entire range of reactions for medium to high carbon low alloy stee
(Umemoto et al, 1982; Umemoto et al, 1983). The present study was

undertaken to predict the entire range of cooling transformations to ferrit
products from isothermal transformation data for a low carbon plate steel.
progress of ferritic transformation during continuous cooling was measured

compared with that predicted by assuming that the transformed fractions are
additive.

Another area of interest is the investigation of copper precipitation proce

HSLA steel with commercial alloying levels. The majority of research on the

phenomenon of copper precipitation has been based on laboratory scale steel
more heavily alloyed than commercial HSLA steels. Such investigations have

elucidated the various precipitation processes that can occur during or aft

polymorphic transformation, but it is as yet uncertain how well this inform
can be extrapolated to lower alloy more complex multi-component commercial

HSLA steels. This thesis addresses the issue of the Cu precipitation harden
response of the commercial CR HSLA80 steel.
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Table 3.1 Chemical composition (in weight percent) of the C R H S L A 8 0
steel investigated.

c

Mn

Si

Ni

Cu

0.055

1.40

0.25

0.85

1.10

Nb

Ti

P

S

N

0.02

0.013

0.012

0.003

0.0075
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Fig. 3.1 Schematic representation

of the thermomechanical

controlled

processing for the CR HSLA80 steel investigated (Killmore et al, 1989).
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Fig. 3.2 Optical micrograph of as received hot rolled plate steel (2.5% nital).
Longitudinal section containing the rolling direction.
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3.1 Material
The steel used in the present study was CR HSLA80 steel developed by BHP

Steel, SPPD, Port Kembla, Australia. The chemical composition of this ste

given in Table 3.1. This steel was produced by a thermomechanical contro

processing (TMCP) route, involving three stages (Killmore et al, 1989) w
are illustrated in Fig. 3.1. The three stages are:

(1) recrystallisation controlled rolling in the austenite recrystallisat
temperature range to achieve fine austenite grains;

(2) non-recrystallisation rolling (finishing phase) at the lowest possib

temperature in the austenite range, with the aim of minimising the recov

potential ferrite nucleation sites during the time interval before auste
decomposition begins; and
(3) controlled cooling to 500-550 °C after rolling to enhance the plate

rate, thereby restricting the extent of "auto" aging by copper precipitat

during the cooling of the plate. The last stage is designed to maximise t

copper based age hardening increment on subsequent aging (Abe et al, 1987

Finally, the steel was age hardened at 550 °C for 30 minutes in order to
copper precipitation hardening.
i-

The as received steel plate has a structure consisting of fine polygonal and
quasi-polygonal ferrite, together with minor packets of ferrite-carbide
(pearlite bands) and martensite-austenite (MA) islands as shown in Fig.
ferrite grains are fine and slightly elongated in the rolling direction

pearlite band spacing of thicker plate was higher than for thinner plate

volume fraction of pearlite, average ferrite grain size and pearlite ban
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Fig. 3.3 Schematic isothermal heat treatment procedures.
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Table 3.2 Etching reagents employed.
Etching reagent

Purpose

2.5% nital

reveals

ferrite

differentiates

grain

boundaries,

as-quenched

low

carbon martensite from ferrite

stain etching: solution of aqueous darkens as-quenched high carbon
2 0 % sodium thiosulfate, 2.3% citric martensite
acid and 2.3% cadmium chloride

8gr sodium metabisulfite +
distilled water

lOOcc darkens

as-quenched

austenite islands

lOOcc saturated aqueous picric acid reveals

prior

+ 15 drops H C L + 1 5 drops teepol boundaries
(wetting agent)

martensite/

austenite

grain

Chapter Three

Material and Experiments

70

of 2 0 m m plate in transverse sections were reported as 2.3%, 7.2pm and 51.9um,
respectively (Killmore, et al, 1989).

3.2 Experimental Methods

Experimental studies were conducted in three stages: isothermal transfor
continuous cooling transformation; and aging. The treatment of the specimens
and experimental procedures are described in the following sections.

32.1 Isothermal Transformation

Specimens were cut into rectangular prisms, 4x10x38 mm3, from the as rec
steel plate, and a small hole was drilled at the end of each specimen to locate a
thermocouple for recording of the temperature. Specimens were austenitised at
1200 °C for 15 minutes and then transformed isothermally for a pre-determined
temperature and time in a salt bath before water quenching, as shown
schematically in Fig. 3.3. The progress of the overall transformation was
measured by the point counting method (Gladman and Woodhead, 1960;
Hilliard and Cahn, 1961), which in some cases was carried out on an M D - 2 0
Image Analyser equipped with a video camera connected to a Nikon optical
microscope. The mean austenite grain size was measured to be 34ixm by the
linear intercept method using the etching procedure specified in Table 3.2;'

Specimens transformed isothermally for a selected transformation tempera
and time, were examined with transmission electron microscopy (TEM) to
ascertain the ferritic transformation products; to elucidate details of the bainitic
microstructures; transformation characteristics of carbon enriched austenite
islands, formed at early stage of transformation at intermediate temperatures
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(a)

(b)

Fig. 3.4 Computer aided high-speed heating and quenching Theta dilatometry
machine: (a) testing machine and control system; (b) furnace with the
austenitised specimen and quenching device.
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Fig. 3.5 Hollow cylindrical specimen for dilatometry tests.
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(580-430 °C), as well as the associated copper precipitation at various stages
isothermal transformation.

In order to determine in detail the isothermal kinetic data, some isothermal
samples were provided using a high-speed Theta dilatometer (Fig. 3.4). Hollow

cylindrical specimens (Fig. 3.5) were cut transversely from the as received st
plate. This shape provides good uniformity of temperature throughout the
specimen and uniform cooling characteristics during quenching. The specimen
was suspended between two frictionless quartz supports inside a radio
frequency induction coil furnace. The 0.13mm diameter Pt-Pt 10%Rh
thermocouple wires were welded to the specimens to ensure an accurate
temperature measurement. The samples were austenitised at 1200 °C for 5
minutes in a vacuum of about 10"4 torr and the mean austenite grain size was

measured to be 3 8 jam. It should be noted that the lower austenitising time of
minutes at 1200 °C (compared to 15 minutes for the isothermal work) was

selected to obtain a similar starting grain size. The rapid heat up time in the

dilatometer can lead to rapid grain coarsening if the holding time at 1200 °C i
extended.

322 Continuous Cooling Transformation
Continuous cooling decomposition of austenite was investigated using the
high-speed dilatometry. The continuous cooling transformation (CCT) diagram
was established for the low carbon steel using a wide range of cooling rates
(375-0.1 °C/s). The phase transformations that took place were examined
dilatometrically, metallographically and by measuring Vickers hardness with a
10kg load. The hollow cylindrical specimens were austenitised for 5 minutes at
1200 °C in a vacuum of about 10"4 torr in the Theta high-speed dilatometer and
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Fig. 3.6 Patterns of heat treatment performed in the dilatometer followed by
continuous cooling at a variety of rates.
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Fig. 3.7 Schematic diagram showing step-quenching experiments performed in

the dilatometer during continuous cooling transformation at a constant rate.
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subsequently cooled at various rates (Fig. 3.6). The cooling rates were car

controlled by using a temperature programmer with the aid of regulated heliu
current to remove the latent heat evolved during the phase transformation.
A series of step-quenching experiments were designed to investigate the

transformation mechanism of intermediate stage bainitic/ferritic structures
formed at intermediate temperatures and cooling rates between those of
polygonal/quasi-polygonal ferrite and martensite formations. The specimens

were cooled continuously at a constant cooling rate after being austenitise
1200 °C for 5 minutes, and were then subjected to interrupted quenching at
various transformation temperatures as shown schematically in Fig. 3.7.

The specimens cooled at a rate slower than 20 °C/s followed a constant cooli
path down to 200 °C with a temperature deviation of no more than 10 °C from

the linear cooling curve over the transformation region. In the cases of du

data, double checks were made to enhance the reliability of the test. There
the rates of cooling were carefully controlled, and simultaneous records of
change in length versus temperature and change in temperature versus time
were obtained. The initiation of phase changes and their corresponding
transformation temperatures were determined from the recorded curves where

the dilatation curves deviated from linearity. The data were finally plotte
temperature versus log time scale.
*;

323 Aging

To study the precipitation hardening of copper, a series of samples were hea
treated under different conditions and then cooled to room temperature at
various cooling rates: (i) water quenching after austenitisation at 900 °C
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Fig. 3.8 Schematic diagram showing pre-treating and hardening procedures.
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minutes (martensite); (ii) austenitising at 1200 °C for 15 minutes and then

holding in a salt bath at 440 °C for 5 seconds before water quenching (bainitic

ferrite); and (iii) the as rolled condition (ferrite). After the heat treatment,

samples were submitted to an aging treatment at different aging temperatures fo
various period of times (Fig. 3.8).
Hardness measurement was carried out using Vickers hardness tests with a 10kg
load. The data were collected from at least 10 tests on each sample.
Transmission electron microscopy (TEM) was carried out to study
microstructural changes and their relation to the variations in the hardness

curves of various pre-treated structures (as rolled ferrite, bainitic ferrite a
martensite). At least three specimens for each pre-treated condition were
observed through TEM examination. They were in the under-aged, peak-aged,
and over-aged conditions.

32.4 Metallography
Microstructural characterisation of the heat treated samples was carried out
using optical microscopy and transmission electron microscopy (TEM). The
optical microscopy was used to observe general microstructural features of
isothermally and continuously cooled products such as polymorphic ferrite
(polygonal/quasi-polygonal ferrite), bainitic structures, and martensite. TEM
was carried out to study the crystallographic relationship between substructures
of martensite and retained austenite, bainitic ferrite and austenite, copper
precipitation, and details of dark contrasting island structures.
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32.4.1 Optical microscopy

The specimens for optical microscopy were cut from the heat treated samp
using a diamond wheel. The specimens were mounted in bakelite for easy
handling, and were prepared for metallographic observation by grinding
through successivelyfinergrades of 180, 240, 320, 400, 600, and 1200# SiC
papers, using water as lubricant and coolant. The specimens were subsequently
polished on Textmet cloth impregnated with 6|im diamond spray, and then l[im
spray under adequate loading to allow the matrix to be polished uniformly. This
was further followed by polishing on Microcloth carrying colloidal silica and
water to remove scratches on the surface area. To reveal the microstructural
constituents of the specimens with sufficient contrast, various etching reagents
were employed, as listed in Table 3.2. The specimens were etched and viewed
with a Nikon optical microscope.

32.4.2 Transmission electron microscopy

The preparation of thin foils involved cutting thin slices from the samp
then preparing disc specimens of 3 m m in diameter by trepanning by spark
cutting machine. The discs werefirstground to about 0.1mm in thickness by
grinding on 600# grid SiC paper and then were electrolytically polished using a
twin jet polishing Struer Tenupol system operating at 60V in a solution
consisting of 9 5 % glacial acetic acid and 5 % perchloric acid at a temperature of
about 12 °C. In some cases, the perforated thin foils were ion beam thinned for
approximately 3 hours at a 9° specimen angle in an Edwards IBT 200 ion beam
thinning unit. The gun voltage was set at 5kV and high purity argon gas flow
rate was adjusted to give a specimen current of about 50u\A, with a gun current
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of 0.5mA. The ion beam thinning treatment was able to increase the thin foil
areas and reduce the bulk of the foils, thus reducing the magnetic effect of the
thin foil under the electron microscope. Observations were carried out in a
J E O L 2000 F X operated at 200kV.

325 Hardness Measurements
The microhardness measurements were carried out using a Vickers testing
machine with a load of 300g for the bainitic specimens which were isothermally
transformed at 480 °C for various holding times. Hardness values are the
average of 10 measurements.
Vickers hardness measurements with a 10kg load were made on each individual
continuously cooled sample to further correlate the data obtained from
dilatometric and metallographic examinations.

The hardness of the aged

samples was also determined with a 10kg load and the results are reported as
Vickers hardness number (VHN). Measurements were conducted on samples
mounted in bakelite after being polished and etched in 2.5% nital. Hardness
values reported are the average of 10 readings per specimen.
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Fig. 4.1 Isothermal transformation diagram for the low carbon low alloy steel.
The notation follows the nomenclature of the Bainite Committee of the Iron and
Steel Institute of Japan (Araki et al, 1991; Araki, 1992): y is austenite; ocp is
polygonal ferrite; a q is quasi-polygonal ferrite; a w is Widmanstatten ferrite; p is
pearlite; p' is degenerate pearlite; a B is granular bainitic; a ° B is bainitic ferrite;
and a ' M is lath martensite.
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4.1 Introduction

This chapter presents the results of experimental work described in Chapte
The experimental results are discussed in three major sections. Thefirsttwo
sections (4.2, 4.3) cover basic information regarding the transformations and
microstructural features of ferritic products in conjunction with copper
precipitation in a commercial Cu-bearing H S L A steel which was subjected to
both isothermal and continuous cooling treatments.

Variation in ferritic

morphologies with transformation temperature and cooling rate were observed
in association with accompanying copper precipitation processes.
Copper age hardening is one of the most attractive strengthening mechanisms
available for H S L A steels. The effectiveness of this mechanism depends on the
type of ferrite structure from which C u precipitation occurs.

Section 4.4

presents the experimental results obtained on age hardening of various
structures

formed

by

isothermal

(martensite,

bainitic

ferrite)

and

thermomechanical processing (hot rolling) treatments (polygonal and quasipolygonal ferrite).

4.2 Isothermal Transformation Products

42.1 Isothermal Transformation Behaviour
The time-temperature-transformation (TIT) diagram of low carbon low alloy
plate steel determined by metallographic examination is shown in Fig. 4.1. The
temperature of 760 °C identifies the proeutectoid ferrite (A^) start temperature
which is somewhat lower than the A e 3 temperature of 796 °C calculated for this
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steel using the formula of Andrews (1965). The temperatures of 610 and 580 °C

in Fig. 4.1 correspond to the equilibrium pearlite (A^) and bainite (Bs) reaction
temperatures, respectively. These transformation temperatures were determined
by careful metallographic observations. The calculated martensite start
temperature (Ms) was also about 430 °C according to the formula suggested by
Andrews (1965). The progress of y—>a transformation was measured for the
start (about 2%), 50% and 80% transformation using quantitative

metallography. The data indicated a proeutectoid ferrite formation region in the
TTT-diagram of 760-610 °C, which is significantly depressed because of the
presence of the strong austenite stabilising elements Ni, Mn and Cu. Above the
Ael temperature, the incubation period increased in a typical "C" curve manner
with increasing temperature until, at 750 °C, only a small volume fraction of
decomposition product was detected after 8 hours. However, below the Ael
temperature, the reaction incubation period was found to be very short and this
prevented detection of the nose of the curve.
The TTT-diagram also shows a prominent region associated with an intermediate
structure, frequently referred to as bainite. This region is shown between the
bainite start temperature (Bs) of 580 °C and the calculated martensite start
temperature (Ms) of 430 °C for this steel (Andrews, 1965). The microstructures
produced in this region are quite complex and usually resulted from the growth

of an intermediate ferritic structure associated with a second constituent which

could consist of martensite, and/or retained austenite, pearlite, and even carbi
depending upon the supersaturation of carbon in the remaining austenite and
the kinetics of carbon diffusion.
An example of bainitic structures (granular bainitic "aB" and bainitic ferrite
"a°B") obtained at an intermediate transformation temperature (480 °C for 5
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Fig. 4.2 Optical microstructure of bainitic structures (granular bainitic " a B "
and bainitic ferrite " a ° B " ) obtained at 480 °C for 5 seconds: (a) etched with
nital; (b) stain etched showing martensite and/or austenite islands.
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Fig. 4.3

Optical micrographs of specimens isothermally transformed at: (a)

750 °C, 8 hours; (b) 693 °C, 180 minutes; (c) 635 °C, 15 seconds; (d) 599 °C,
5 seconds; (e) 599 °C, 160 minutes; (f) 566 °C, 5 seconds.
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seconds) is shown in Fig. 4.2(a) and the associated second "phase" is

highlighted in Fig. 4.2(b) by stain etching. Assuming that the microstructur
95% ferrite with a carbon content of 0.02%, a mass balance indicates that the
remaining austenite would contain 0.62% carbon. This carbon content
corresponds to calculated Ms and Mf temperatures of 210 and 10 °C,
respectively (Andrews, 1965). This calculation is included to emphasise the
carbon enrichment of austenite which accompanies ferrite formation and its
effect on formation of dispersed second "phase" islands.

422 Optical Microstructures and Hardness

Figure 4.3 shows optical micrographs of microstructures observed for selected
isothermal treatments. The nature of the proeutectoid ferrite product formed

between 750 and 600 °C is shown in Figs. 4.3(a), (b), (c) and (d). Figure 4.3(
shows small ferrite grains at the boundaries of prior austenite grains in a

specimen held isothermally at 750 °C for 8 hours. This temperature is just be

Ae3. At high transformation temperatures, the austenite/ferrite interfaces we
predominantly curved and the ferrite adopted an equiaxed or polygonal
morphology (Fig. 4.3(b)). As the transformation temperature was lowered, more
planar austenite/ferrite interfaces were observed and the incubation time
dropped markedly, as indicated by Fig. 4.3(c) for a specimen transformed at

°C for only 15 seconds. Polymorphic ferrite grains constitute nearly 50 volum

percent of the structure. At 599 °C for 5 seconds, about 90% transformation to
polygonal/quasi-polygonal ferrite and Widmanstatten side-plate ferrite had
occurred, (Fig. 4.3(d)). For a temperature of 599 °C and 160 minutes (Fig.

4.3(e)), the microstructure consisted of 94% ferrite. Assuming that the carbo

content of this ferrite is about 0.02%, the remaining austenite should contai

Experimental Results

Chapter Four

(a)

(b)

_ ^ w •":
-*

\ • {.
'

,

'••

,

"... ^'4'
to

...... *- O

50 Lim

(c)

(d)

I

1

Fig. 4.4 Microstructural changes during isothermal holding at 523 °C: (a), (b)

5 seconds; (c), (d) 80 minutes, ((a), (c) etched with nital; (b), (d) stain et
showing the corresponding MA islands).
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approximately 0.52% carbon. On subsequent quenching, these austenitic
regions transformed to a high carbon martensitic structure (-4%) which was
darkened by stain etching. About 2% pearlite was also present.

The extent of austenite enrichment was variable, depending on the isotherm

holding time and temperature. With a decrease in transformation temperatur

566 °C, the shape of the ferrite grains became more irregular and contained
substructure (Fig. 4.3(f)). Ferrite formed by isothermal transformation at

temperatures above 600 °C was mainly equiaxed at all temperatures, although
the grain boundaries consisted of more planar sections as the temperature

decreased and the ferrite became more quasi-polygonal. These faceted grain
are a result of growth by a ledge mechanism at lower temperatures (Kinsman
and Aaronson, 1973; Kinsman et al, 1975; Honeycombe, 1976).

Figures 4.4(a) and (c) show micrographs of specimens isothermally transfor

at 523 °C for 5 seconds and 80 minutes, respectively. The structure consis

a mixture of quasi-polygonal ferrite and bainitic structures (granular bai

"aB" and bainitic ferrite "a°B") associated with discrete islands or block

regions of martensite and/or retained austenite aggregates. Micrographs of

MA islands are shown in Figs. 4.4(b) and (d). After 80 minutes holding at 5

°C, impingement of the plates occurred and carbon enriched austenite regio

partly transformed to carbide and ferrite prior to quenching in water (Figs
4.4(c), (d)). At temperatures close to Bs, the diffusion of carbon in both

ferrite and austenite is rapid (Ohtani et al, 1990), and thus carbon diffus
untransformed austenite and this carbon enriched austenite will transform

diffusionally to pearlite when the carbon is in the eutectoid concentratio
the remaining austenite decomposes to high carbon transformation products
subsequent water quenching.
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Fig. 4.5 Microstructures of specimens isothermally transformed at: (a) 480 °C,
5 seconds; (b) 480 °C, 80 minutes; (c) 440 °C, 5 seconds; (d) 440 °C,
40 minutes.
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Optical micrographs showing microstructures in the specimens

isothermally transformed at (a) 440 °C, 5 seconds; and (b) water quenched.
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480 °C.

Change in hardness as a function of isothermal holding time at
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Examples of microstructures isothermally transformed at 480 and 440 °C are

shown in Fig. 4.5. The quasi-polygonal ferrite grains and bainitic forms of fer
are evident at both temperatures in association with minor dispersed dark
contrasting islands. Although the micrographs of specimens transformed
isothermally at 440 °C for various periods of times showed similar

microstructures to those for 480 °C, the ferritic crystals were finer and arran
in more well defined packets or blocks at the lower temperature.
Figure 4.6 compares the structures generated by quenching and by isothermal

transformation at 440 °C. Figure 4.6(b) is representative optical micrograph o
as quenched material consisting of many differently oriented packets of thin
parallel laths. The corresponding Vickers hardness of the water quenched
structure is about 350 VHN. Thompson et al. (1990) reported that the Vickers
hardness of martensite of an 0.06%C Cu-bearing HSLA steel was 390 VHN.
This result may indicate that the Vickers hardness of the low carbon steel
containing 0.055%C used in this study should be close to 390 VHN. The
results described above suggest that transformation products produced in the
water quenched specimen may be a mixture of bainitic and martensitic
components rather than martensite.
Figure 4.7 is a plot of microhardness measurements with a load of 300g as a
function of isothermal holding time for the specimens held at 480 °C before

quenching in water. The scatter in hardness data is associated with a mixture of

bainitic ferrite and a "second phase" of martensite-austenite constituent and/o
carbide, depending on the isothermal holding time prior to water quenching
(Fig. 4.5). At first, the microhardness decreased slightly because the carbon
enriched austenite regions decompose to carbide and ferrite with increased

holding time (Fig. 4.5). The hardness increased on holding for times in excess o
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Fig. 4.8 T E M micrographs showing continuous layers of retained austenite
along boundaries between martensite laths in a water quenched specimen of the
low carbon low alloy steel after austenitising for 15 minutes at 1200 °C: (a)
bright field image; (b) centred dark field image taken using (11~1)A reflection; the
corresponding selected area diffraction pattern; (d) some martensite ( M ) and
austenite (A) reflections are indexed.
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100 seconds because of copper based precipitation hardening. It should be
noted that copper precipitation hardening of bainitic structure following aging
treatment is considered in detail in Section 4.4.

423 Transmission Electron Microscopy

4.23.1 Water Quenched Specimens

Figure 4.8(a) shows that the structure after quenching from 1200 °C consiste
offinesheaf-like arrangements of ferritic laths associated with high dislocation
density. Darkfieldelectron microscopic investigation revealed a thin interlath
film of metastable austenite, Fig. 4.8(b). Verification of the austenite films was
made by examining several foils and solving diffraction patterns similar to that
of Fig. 4.8(c) to confirm the presence of retained austenite in the microstructure.
The analysis of this pattern, given in the line drawing (Fig. 4.8(d)), showed that
the orientation relationship between austenite and martensite was consistent
with the Kurdjumov-Sachs (K-S) (1930) relationship: (111)A// (011)M, and [10i~]A
// [lli~]M (where the subscripts A and M

refer to austenite and martensite,

respectively). The unexpected conclusion is that the high temperature austenite
phase can be stabilised at room temperature in very low carbon (0.055%C) low
alloy steel even though the bulk M s and M f temperatures are about 430 and
230 °C, respectively (Andrews, 1965).

4.232 Copper Precipitates
Copper precipitation was found to occur in association with polygonal and
quasi-polygonal ferrite formation in this alloy. The precipitate dispersions varied
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Fig. 4.9

Apparently random interphase e-Cu precipitates within ferrite.

Specimen isothermally transformed at 644 °C for 120 minutes: (a) bright field
image; (b) darkfieldimage revealing copper precipitates in the same variant of
the K-S orientation relationship.
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Fig. 4.10 Preferential coarsening of interphase rod-shaped £-Cu precipitates
developed in the specimen isothermally transformed at 644 °C for 120 minutes.
T E M micrographs: (a) brightfieldimage; (b) darkfieldimage based on an £-Cu
reflection.
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Fig. 4.11

Planar interphase £-Cu precipitation in the specimen isothermally

transformed at 599 °C for 160 minutes. T E M micrographs: (a) brightfieldimage
of precipitate sheets; (b) corresponding centred dark field image from a {111 }e.Cu
reflection.
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considerably between samples, within the same sample and even within the
same grain. In most ferrite grains examined, where precipitates could be
detected, the dispersions were apparently random in nature, as indicated in
4.9, which shows regularly spaced e-Cu precipitates displaying the same
variant of the Kurdjumov-Sachs (1930) orientation relationship. It was also

observed in some other regions of the foil that precipitate coarsening occur

with the progressive development of rod-shaped particles of e-Cu, as shown i

the bright field (BF) and dark field (DF) image micrographs of Figs. 4.10(a)
(b), respectively.
Although apparently random precipitation was often observed, the section

plane can disguise the presence of planar interphase precipitation. The latt

mode was confirmed in some foils, as shown in the bright field micrograph of
Fig. 4.11(a) and the corresponding dark field image micrograph of an e-Cu

reflection (Fig. 4.11(b)). As can be seen, the dislocation density in the po

ferrite is relatively low and considerable e-Cu precipitation is present. Ma

the e-Cu precipitates are in the same crystallographic orientation, as indic
by the dark field image micrograph (Fig. 4.11(b)). The alignment of e-Cu

precipitates, in the form of planar sheets parallel to the prior austenite/f

interface, is consistent with the interphase precipitation mode of transform
(Campbell and Honeycombe, 1974; Ricks et al, 1979; Ricks et al, 1980).

Experimental Results

Chapter Four

(a)

1 um
(b)

I

1

Fig. 4.12 T E M brightfieldmicrographs showing the nature of regions of dark
contrast dispersed within bainitic structures. Specimen isothermally transformed
at 480 °C for 5 seconds: (a) granular bainite "aB"; (b) bainitic ferrite "a°B".
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Fig. 4.13

(d)

Bainitic ferrite structure in association with martensite and/or

austenite ( M A ) regions in the specimen isothermally transformed at 480 °C for
5 seconds. T E M micrographs: (a) brightfieldimage showing a M A constituent;
(b) dark field image using (020) A austenite reflection indicated in (c); (c)
corresponding diffraction pattern revealing both martensite and austenite
reflections; (d) indexed pattern of some martensite ( M ) and austenite (A)
reflections.
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Fig. 4.14 Details of dispersed dark contrast islands in the specimen isothermally
transformed at 480 °C for 5 seconds. T E M brightfieldmicrographs: (a) mixture
of dislocated and twinned martensites; (b) twinned martensite plate.

Chapter Four

Experimental Results

84_

4.233 Development of Bainitic Structures During Isothermal
Transformation

4.2.3.3.1 Transformation at 480 °C for 5 seconds

When the isothermal transformation temperature was decreased to 580 °C, the
shape of the ferrite grains became much more irregular and contained a "vein"
or subgrain structure (Fig. 4.3). Below 580 °C, the ferrite grains assumed plate
shapes (Figs. 4.2, 4.3(f), 4.4, 4.5) associated with bainitic transformation
processes. Figure 4.12 shows brightfieldmicrographs taken from a specimen
transformed isothermally at 480 °C for 5 seconds. Consistent with observations
from optical microscopy (Figs. 4.2, 4.5), T E M micrographs showed ferritic
crystals of an acicular nature with a high dislocation substructure. Regions of
dark contrast were also located between the ferrite packets.

Figure 4.13 shows a martensite-austenite (MA) island, which is representat
many similar observations of second dispersed "phase" in the specimens
isothermally transformed at intermediate temperatures (580-430 °C) for a short
period of time (5 seconds). Figure 4.13(b) is the corresponding darkfield(DF)
image of an austenite reflection. The retained austenite is located at the rim of
the martensite as shown in the dark image micrograph (Fig. 4.13(b)).

The

orientation relationship between the martensite and austenite shown by the
electron diffraction pattern (Figs. 4.13(c), (d)) is close to the Kurdjumov-Sachs
(K-S) (1930) relationship.

A considerable portion of the island structure shown in Fig. 4.12 consiste
lath martensite, but twinned martensite was also observed in other regions.
Examples of twinned martensite are shown in Fig. 4.14. Fine transformation

Chapter Four

Experimental Results

500nm
I
1

(a)

(c)

(b)

(d)

Fig. 4.15 Details of crystallographic orientation relationship developed
between

second

"phase"

islands and

bainitic ferrite in the

specimen

isothermally transformed at 480 °C for 5 seconds. T E M micrographs: (a) bright
field image showing a large martensite island revealing both internally twinned
area and a dislocated region adjacent to the bainitic lath (lowerright);(b) dark
field image using dislocated martensite reflection; (c) selected area diffraction
( S A D ) pattern taken from bainite lath; (d) the interpretation of (c).
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Fig. 4.15 continued; (e) S A D pattern from an area which overlaps that of the
bainite and adjacent martensite region; (f) the interpretation of (e); (g) dark field
image using bainite reflection showing contrast in bainite lath and twinned
martensite regions; (h) dark field image using cementite reflection.
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twins are normally associated with higher carbon plate martensite and could
indicate a significant enrichment of carbon in the austenite in this case.
Although the exact level of carbon is difficult to determine, the observation

twinned martensite is usually considered to indicate the carbon level is grea
than 0.4%C (Speich, 1973).
An attempt was made to identify the orientation relationship between the

bainitic ferrite and the martensite in adjacent second "phase" islands. Figure
4.15 shows an island of dislocated martensite with internal microtwins. The
martensitic region adjacent to the bainitic ferrite does not show any visible

microtwins. Instead, there is a dislocation network, as shown in the bright fi
micrograph of Fig. 4.15(a) and the corresponding dark field image based on
(0I~1)M,

(Fig. 4.15(b)). The zone axis of the crystal orientation of the bainiti

ferrite was [311]B (Figs. 4.15(c), (d)), and the adjacent martensite region
exhibited a [3IT]M axis, sharing a (Fl2)M plane with the bainite (Figs. 4.15(e),

(f)). In fact, the pattern of Fig. 4.15(e) shows that the dislocated martensi
twin related to the adjacent bainitic ferrite across a (Tl2)BM mirror plane.
Moreover, the orientation of the twins within the twinned martensite is close

that of the bainitic ferrite, since both show contrast in the dark field image
on (01I)B, (Fig. 4.15(g)). Therefore, twinning in the martensite island also

occurred on (Tl2)M. Cementite reflections were also detected (Figs. 4.15(e), (f
and the dark field image in Fig. 4.15(h) shows fine precipitates within both
dislocated and twinned martensites. The orientation relationship between the
orthorhombic cementite and martensite (Figs. 4.15(e) and (f)) was: [210]c //
[3IT]M,

and (002)c // (1"12)M which corresponds to one of the variants of the

Bagaryatskii (1950) orientation relationship between ferrite and cementite.
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Fig. 4.16 TEM micrographs showing classical upper bainite morphology in the
specimen isothermally transformed at 480 °C for 80 minutes: (a) bright field

image; (b) dark field image taken from cementite reflection; (c) selected area
diffraction pattern; (d) its schematic representation.
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Twin related martensite laths have been reported in as quenched low carbon

low alloy steels (Speich and Warlimont, 1968; Das and Thomas, 1970; Rao et al,
1976). The existence of twin related laths is usually interpreted as a result
cooperative "back to back" growth of adjacent laths exhibiting opposite shape
deformations, e.g., self accommodation (Speich and Swann, 1965; Rao and
Thomas, 1979; Bhadeshia and Edmonds, 1979). Layers of retained austenite

have been found to exist along the boundaries of adjacent laths of essentially
the same orientation (Rao and Thomas, 1979; Bhadeshia and Edmonds, 1979;
Wakasa and Wayman, 1981), but the reported absence of such layers along the
boundaries between adjacent twin related laths has been considered to support
the concept that the laths form by self accommodation (Rao and Thomas, 1979;
Bhadeshia and Edmonds, 1979). Therefore, based on the microstructural

characterisation (particularly the absence of retained austenite film between

dislocated martensite region and the adjacent bainitic ferrite (Figs. 4.15(a),

(g)) and crystallographic examination of the martensitic region with its adja

bainitic crystal (Figs. 4.15(e), (f)), it is reasonable to conclude that, unde
constraints induced in the untransformed austenite by the shear and extensive

strains accompanying formation of bainite, the carbon enriched austenite woul

prefer to transform martensitically to a twin related "ferrite" region, since

path is expected to minimise the accommodation strain energy for the formation
of the two adjacent plate shaped crystals of ferrite (Bhadeshia, 1981).

4.2.3.3.2 Transformation at 480 °C for 80 minutes

For a longer time of 80 minutes at 480 °C, some carbide precipitation was visi

in the microstructure. Figures 4.16(a) and (b) are bright field (BF) and dark
(DF) micrographs which reveal carbide precipitates along the lath boundaries,
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Fig. 4.17 Large connected cementite particles formed by the decomposition of
a pool of carbon enriched austenite. Specimen isothermally transformed at
480 °C for 80 minutes. T E M micrographs: (a) bright field image; (b) dark field
image taken from cementite reflection; (c) selected area diffraction pattern
showing both ferrite and cementite reflections; (d) schematic representation of
diffraction pattern.
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consistent with classical upper bainite morphology. The selected area

diffraction pattern (SADP) from this area and its schematic representation
in Figs. 4.16(c) and (d) identify the lath boundary carbides as cementite.

Transmission electron micrographs of some other regions revealed the prese
of large connected carbide particles within a ferrite matrix, as shown in
and DF micrographs of Figs. 4.17(a) and (b), respectively. It is inferred

carbide precipitates, together with ferrite, formed from a pool of carbon e
austenite during isothermal holding. The morphology of the carbide is not

unlike that formed in degenerate pearlite and indicates formation by coupl

growth with ferrite. Figures 4.17(c) and (d), the corresponding SADP and i

schematic representation, indicate that the carbide is cementite. The orien

relationship between the orthorhombic cementite and ferrite (Figs. 4.17(c)

(d)) was verified to correspond to one of the variants of the Bagaryatskii

orientation relation between ferrite and cementite. The cementite precipit

are mostly in the same crystallographic orientation since most of them sho

contrast in the dark field micrograph. On the other hand, if cementite and

independently formed from carbon enriched austenite regions, they should b

multivariants of the orientation relationship between ferrite and cementit
et al, 1989). Therefore, based on the microstructural observations and
crystallographic examination of the carbide, it is evident that the carbon

enriched austenite region at least partly decomposed to the transformation
products by cooperative growth of ferrite and cementite.

The carbide formation is a result of the decomposition of the remaining ca
enriched austenite to ferrite and carbide. However, decomposition was not

complete, as the austenite is stabilised with respect to transformation be
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Fig. 4.18 TEM bright field micrograph taken from a specimen isothermally
transformed at 480 °C for 80 minutes, revealing a mixture of twinned and
dislocated martensites formed on quenching from a region of carbon enriched
austenite.
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Fig. 4.19

T E M bright field micrographs revealing bainitic ferrite " a ° B "

structure in two distinct forms. Specimen isothermally transformed at 440 °C for
5 seconds: (a) well developed boundaries between bainitic laths (packet A); (b)
elongated martensite and/or austenite regions in a relatively non-acicular ferrite
matrix (packet B ) .
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Fig. 4.20

Details of dispersed dark contrast regions in the specimen

isothermally transformed at 440 °C for 5 seconds. T E M micrographs: (a) bright
field image showing internally twinned martensite; (b) dark field image based on
the carbide reflection indicating cementite precipitates on the twin-matrix
interfaces; (c) corresponding selected area diffraction pattern; (d) schematic
representation of diffraction pattern.
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the significant amount of strong austenite stabilising elements (Mn, Ni, Cu). T
untransformed austenite subsequently formed martensite on cooling (Fig. 4.18).

4.2.3.3.3 Transformation at 440 °C

With a further decrease in transformation temperature, both the thermodynamic
driving force and the rate of the transformation will be increased resulting in
bainitic ferrite structure with the dispersed minor dark contrasting regions.
Figure 4.19 shows a bainitic microstructure obtained isothermally at 440 °C for

5 seconds. The structure consists of bainitic ferrite in two distinct forms, one

with well developed boundaries separating parallel bainitic laths (packet A), a

the other with islands of a second constituent between adjacent ferrite crystals
(packet B). The packet A type is easily distinguishable because of the presence

of lath boundaries due to the slight crystallographic misorientation (about 1 or
2°) between the ferritic units. Therefore, the ferrite crystals in packet A are

clearly "acicular", but in packet B, in many cases, the "acicularity" of the fer
can only be inferred from the morphology and alignment of the dispersed
constituents.
For this treatment, although the diffusion of carbon and alloying elements in

both bainitic ferrite and austenite is slower than at 480 °C, the dispersed isl
contain almost the same microconstituents as those obtained at 480 °C for 5
seconds. Figure 4.20 shows the structure of an enlarged island, which reveals
an internally twinned martensite plate with carbides, precipitated on the twin-

matrix interfaces. The selected area diffraction pattern shows the matrix to ha
a [011]M zone axis and the twins to be [0U]T, indicating that the twinning
occurs on the (2T1)M/T plane. It has been reported that in the presence of twins
in high carbon steels, the cementite precipitates predominantly on the twin
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Fig. 4.21 TEM bright field micrograph taken from a specimen isothermally
transformed at 440 °C for 40 minutes, revealing carbide platelets formed in
association with the decomposition of a pool of carbon enriched austenite.
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Fig. 4.22 T E M brightfieldmicrographs showing typical bainitic ferrite and
martensitic structures. Specimens transformed at: (a) 480 °C, 5 seconds; (b)
water quenched.
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boundaries (Huang and Thomas, 1971). The observation of fine cementite
precipitates along twin-matrix interfaces in the second island "phase" in this
case indicates rapid autotempering of the high carbon martensite formed on
quenching of untransformed carbon enriched austenite regions.
No visible interlath or intralath carbide precipitation was observed in the
microstructure obtained isothermally at 440 °C for 5 seconds. However, carbide
platelet precipitation was found in the specimen transformed for a longer time.
Figure 4.21 shows the nature of the carbide formed by decomposition of
untransformed carbon-enriched austenite after being transformed isothermally at
440 °C for 40 minutes.

4.23.4 Bainitic Ferrite and Lath Martensite
At an isothermal transformation temperature between 580 to 430 °C, the
intermediate ferritic structure was characterised by a high volume fraction of
bainitic components in association with the minor dispersed islands of
martensite and/or austenite (Figs. 4.2, 4.4, 4.5). Furthermore, at a lower

transformation temperature, the bainitic crystals were finer and arranged in more

well defined packets or blocks, and the martensite-austenite islands were thinner

and more uniformly distributed in the matrix. The refinement of the plates is due
to the need for strain energy reduction because of the lower temperature of
k

transformation which does not allow thermally assisted relaxation of the
transformation volume change (Figs. 4.4, 4.5).
Figure 4.22 presents typical transmission electron micrographs showing
morphological differences between bainitic ferrite and martensite. As can be
observed in the martensite, packets of fine ferritic laths have nucleated and
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Fig. 4.24 Dilatation obtained during isothermal holding experiments at various
temperatures: (a) 700 °C, 20 minutes; (b) 600 °C, 5 minutes; (c) 500 °C,
5 minutes.
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grown until impingement. These laths have a substructure with a higher

dislocation density than the bainitic ferrite. The thickness of ferritic l
with the transformation temperature, and was measured from electron
micrographs (Fig. 4.23). It can be seen that lowering the transformation

temperature reduced the thickness of the bainitic ferrite laths gradually,

ferrite plate thickness changed significantly in the water quenched sample
which martensite laths formed. Moreover, the transformation kinetics data
measured to determine the differences between bainitic and martensitic
transformation more clearly.

In general, the martensitic transformation in medium carbon, low alloy ste

exhibits no isothermal transformation behaviour because of burst nucleatio

and athermal growth of the martensite. If the temperature region of isothe
transformation is determined, it may be concluded that the Ms temperature
below the lower limit of the determined region. Figure 4.24 shows the

relationship between expansional change (equivalent to fraction transforme

and time for specimens held at various constant temperatures after cooling
rapidly to a given transformation temperature. As can be observed, the
decomposition of austenite by diffusional processes at temperature higher

600 °C followed a typical S-shaped transformation curve (Fig. 4.24(a)). Mo

rapid austenite transformation behaviour and a shorter time to form a give

volume fraction of decomposition product is evident at the lower transform

temperature (Fig. 4.24(b), 600 °C). However, the decomposition of austenite

the intermediate temperature range (580-430 °C) showed very rapid nucleati

and growth at the beginning of transformation (Fig. 4.24(c)), and the assoc

microstructures were characterised by elongated ferritic crystals associat

minor dispersed dark contrasting islands of martensite and/or austenite (F
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4.4, 4.5). Therefore, it is reasonable to conclude that the bainitic ferrite reaction
in very low carbon steels occurs displacively as far as substitutional atoms are
concerned with accompanying carbon diffusion because of significant level of
carbon partitioning in the remaining austenitic regions.

4.3 Continuous Cooling Transformations and
Microstructures

43.1 Continuous Cooling Transformation Behaviour

43.1.1 Dilatometry Curves
In order to construct the complete CCT-diagram for the low carbon plate steel,
the cooling rates were varied from 0.1 to -375 °C/s. The dilatation curves
obtained were classified into four categories as shown in Figs. 4.25 and 4.26.
W h e n the cooling rate w a s slower than 0.35 °C/s, the dilatation curve exhibited
a major dilatational change as shown in Fig. 4.25(a).

Based on the

microstructural observations, polygonal ferrite was found to form at about 7 6 8
°C w h e n the specimen w a s continuously cooled at 0.1 °C/s, which is consistent
with thefirsttemperature of the dilatational change.
For a cooling rate between 0.35 and 3 °C/s, the dilatation curve exhibited a
two-stage expansional change as shown in Fig. 4.25(b). In order to determine
accurately

the

associated

transformation

start temperature

of various

microstructural components, the specimens were subjected to a series of
interrupted quenching tests to freeze the microstructure at various temperature
during continuous cooling transformation. For example, the specimens were
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cooled at a rate of 1 °C/s, before interrupted quenching at various temperatu
during the transformation. Based on the microstructural observations,

polygonal and/or quasi-polygonal ferrite was found to form firstly at about 7
°C which is consistent with the temperature of the first-stage expansional

change. The formation of intermediate ferritic transformation products starte
about 625 °C and ceased at about 528 °C, respectively. Both temperatures are

compatible with the start and finish temperature of the second-stage dilatati

change. For a cooling rate between 0.35 °C/s and 3 °C/s, the transformation o
polymorphic ferrite and intermediate ferritic products can be clearly

distinguished from the dilation curve as shown in Fig. 4.25(b). This observat

is consistent with the conclusion that the polygonal ferrite and intermediate
ferritic phases are formed by quite different transformation mechanism.

At a moderate cooling rate (3 to 20 °C/s), the dilatometric curve exhibited on
one major dilatational change as shown in Fig. 4.26(a). Based on the

interrupted quenching tests and microstructural observations, the dilatationa
change corresponded to the formation of quasi-polygonal ferrite,

Widmanstatten ferrite, and bainitic structures associated with minor disperse
islands of martensite and/or austenite. However, the associated derivative
expansional curve of d(M^b)/dT versus temperature (T) revealed details of

transformation start temperature of various ferritic products more clearly th
the original (M^b)-T curve. /

Figure 4.27 shows a typical derivative dilatation curve as a function of
temperature for the specimen continuously cooled at 5 °C/s. Two steps are

observed in the dilatational change. Based on interrupted quenching tests and

microstructural observations, the final expansional change is attributed to t
decomposition of remaining carbon enriched austenite pools entrapped by the
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Thermal and dilatation curves obtained in the specimens cooled
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path over the transformation temperature range.
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ferritic matrix of intermediate transformation products. The island phase was
shown by transmission electron microscopic examination to consist of
martensite or a combination of martensite and retained austenite constituents
(Section 4.3.2).

At a cooling rate greater than 20 °C/s, the specimen did not follow a constant

cooling path after the transformation had begun because the rate of latent hea
evolution was so large that the regulated helium flow was not able to remove

the heat fast enough (Fig. 4.28). In this case, the dilatational curve obtained
of non-linear type and the gradual expansional change has been attributed to

the major intermediate ferritic transformation products. For the fastest cooli
rate obtained (-375 °C/s), the dilatation curve shows a major catastrophic

expansional change at relatively low transformation temperature (Fig. 4.26(b))
which is largely be associated with martensitic transformation. However, the

microstructure appeared to be a mixture of bainitic ferrite and martensite, as
reported in Sections 4. 3.1.3 and 4.3.2.

43.1.2 Continuous Cooling Transformation Diagram
Figure 4.29 shows the continuous cooling transformation (CCT) diagram for the
low carbon HSLA steel. As can be seen, the CCT-diagram is characterised by
multilayer transformation curves. The transformation start and finish

temperatures rise gently with decreasing cooling rate. The major transformatio
curves he in the temperature range between 750 to 350 °C. The features of
microstructural evolution over this temperature range include polygonal and

quasi-polygonal ferrite, Widmanstatten ferrite, granular bainitic, bainitic fe

and lath martensite. The bainitic field is terminated by a boundary field at a
300 °C (MS(MA)) associated with the decomposition to martensite of small
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carbon-enriched austenite pools entrapped at the boundaries of the interlath

interpacket bainitic structures formed at an earlier stage of transformation
The suppression of MS(MA) to lower temperatures by decreasing cooling rate

emphasises significant partitioning of carbon in the remaining austenite isl

which accompanies polymorphic and intermediate ferritic product formation at
higher temperatures, and the effect of carbon enrichment on martensite
formation. However, the degree of carbon partitioning in the remaining

austenite regions may be variable, and some transformation to martensite may

occur at temperatures above the indicated MS(MA) curve. It is interesting to n
that in the CCT-diagram, the MS(MA) curve should be distinguished from the Ms
temperature. The Ms temperature, which was estimated using the formula

derived by Andrews (1965), indicates the temperature at which austenite of t

alloy matrix begins to transform to martensite, while the MS(MA) curve repres
the temperature at which small amounts of carbon enriched austenite pools
begin to transform to martensite.
Various cooling rates utilised for drawing the CCT-curves are shown in the

diagram. The Vickers hardness value for each individual cooling rate is show

at the end of the respective curve. Following the cooling path in combinatio
with the transformation curves, the transformation products can easily be
predicted. For example, the cooling path associated with 5 °C/s passes the

formation curves of quasi-polygonal ferrite, Widmanstatten side-plate ferrit

bainitic structures, and martensite formation attributed to the decompositio
carbon enriched austenite islands. Thus, the transformation products should
include all these structures. From the microstructures shown in subsequent

sections (Section 4.3.1.3), it will be seen that there is a good agreement b
the CCT-diagram and the microstructural products.
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At the fastest cooling rate, a mixture of martensitic and bainitic ferrite w a s
obtained. Decreasing cooling rate resulted in the formation of bainitic structures
(granular bainitic " a B " and bainitic ferrite "cc°B"). At a moderate cooling rate
(particularly between 0.35 and 3 °C/s), the three transformation start curves,
corresponding to the three-stage dilatational changes in the dilatometry curves,
appear on the CCT-diagram.

These stages correspond to the formation of

polygonal and/or quasi-polygonal ferrite, bainitic type products, and subsequent
decomposition of carbon enriched austenite islands to martensite. Very slow
cooling rates result in polygonal ferrite formation.
The general form of the CCT-diagram is similar to those published for low
carbon low alloy steels containing a significant addition of manganese (-2%)
(Lee and Hon, 1987; Lee et al., 1989; T h o m p s o n et al., 1990), e.g. significantly
suppressed polygonal ferrite formation and a prominent transformation region
associated with an intermediate structure, frequently referred to as bainite. In
the current study, the regions of CCT-diagram have been labelled as: y
(austenite);

ap

(polygonal

ferrite); a q

(quasi-polygonal

ferrite);

aw

(Widmanstatten ferrite); a B (granular bainitic); a ° B (bainitic ferrite); a ' M (lath
martensite) using the nomenclature of the Bainite Committee of the Iron and
Steel Institute of Japan (Araki et al., 1990; Araki et al., 1991; Araki, 1992).

43.13 Hardness and Optical Microstructures f
Figure 4.30 shows hardness as a function of cooling time (At) between 800 and
500 °C. Water quenching produces a microstructure with a hardness attributed
to a mixture of bainitic and martensitic structure. The microstructures formed at
the fastest cooling rate possible by dilatometry in this study are presumed to
consist of martensite plus some bainitic ferrite, since the corresponding hardness
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Table 4.1 Cooling rates and values of At and H V N .
At(s)

HV10

0.1

3000

168

0.25

1200

172

0.5

600

193

1

300

205

3

100

211

5

60

214.5

8

37.5

220

15

20

234

27.7

10.8

260

66.6

4.5

288

160

1.875

309

375

0.8

335

Water quenched

-

-350

Cooling Rates
(°C/s)
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Fig. 4.32 Optical micrographs of specimens continuously cooled at: (a) 5 °C/s;
(b) 1 °C/s; (c) 0.5 °C/s; (d) 0.1 °C/s.
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(335 HV10) is even lower than that obtained after direct water quenching (-350
HV10). The hardness decreased with decreasing cooling rate and eventually
reached a plateau. The rapid initial drop in hardness in Fig. 4.30 corresponds to
microstructures consisting of a mixture of martensitic and bainitic ferrite, and

plateau is associated with microstructures characterised by islands of martensit
and/or austenite in a relatively featureless ferritic matrix.
At an even lower cooling rate, a microstructure with a substantial volume
fraction of polygonal ferrite formed; and the hardness continued to fall to a
constant value at a very slow cooling rate which corresponded to a structure of
polygonal ferrite and pearlite. Table 4.1 also lists the corresponding At and HVN
values for some of the cooling rates investigated. The cooling rates are average
values for the temperature range of 800 °C to 500 °C.
Figures 4.31 and 4.32 are examples of typical microstructures obtained from the
application of continuous cooling transformation over a wide range cooling
rates. The microstructure of a water quenched specimen for comparison is also
shown in Fig. 4.31(a) which is characterised by many packets of laths and
parallel alignment of the individual bainitic and martensitic units within the
packet. The unique structures associated with the sharp drop in hardness (Fig.
4.30) are shown in Figs. 4.31(b) through (d). These structures are characterised
by a mixture of martensite and bainitic ferrite, and the bainitic type structure

being revealed by small dispersed islands of martensite and/or retained austenite
Furthermore, at a higher cooling rate the ferritic crystals become finer, and the
martensite/austenite constituent becomes thinner and more uniformly distributed
in the bainitic matrix.
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For a cooling rate of 27.7 °C/s, the structure shown in Fig. 4.31(e) was o

As can be seen, the ferritic product phase does not proceed across the pri

austenite grain boundaries, which remain distinctly intact. The fine and w

arranged large packets of bainitic ferrite are separated by well aligned i
martensite/austenite (MA) constituent. This unique bainitic like ferritic
has been classified as bainitic ferrite (a°B) structure in the Japanese
nomenclature (Araki et al., 1990; Araki, 1991; Araki, 1992).

As the cooling rate was reduced below 20 °C/s, polygonal and quasi-polygon

ferrite formed at the prior austenite grain boundaries became increasingly
common. At 5 °C/s the amount of grain boundary ferrite is small and the

structure has a part plate-like and a part granular appearance, Fig. 4.32(a

°C/s, quasi-polygonal ferrite dominates but plate-like granular regions fo

remaining austenite volumes, Fig. 4.32(b). For 0.5 °C/s, polygonal and quas

polygonal ferrite enveloped most of the austenite and smaller carbon enric

pools of austenite transformed to a fine high carbon bainite type structur

Figures 4.32 (b) and (c) clearly reveal the growth of quasi-polygonal ferr

the prior austenite grain boundaries. This indicates the ferritic phase gr
across and eliminating the prior austenite grain boundaries resulted from
reconstructive transformation mechanism.
The associated intermediate ferritic structure which formed in the second
of slow cooled specimens (particularly lower than 5 °C/s) has ^ been
characterised by a relatively non-acicular bainitic matrix in association

minor dispersed MA islands. In addition, the MA islands were less elongate

and more equiaxed in appearance for the slower cooled specimens, while the

ferritic matrix remained largely featureless (Fig. 4.32). This structure is

classified by the Japanese Bainite Committee as granular bainitic "aB" bec
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of the granular appearance of the combination of the ferrite and the second
constituent (Araki et al., 1990; Araki, 1991; Araki, 1992). Figure 4.32(d) shows a
microstructure formed in the most slowly cooled specimen, which consisted of a
large volume fraction of polygonal ferrite, and dark contrast regions which are
mainly pearlite or degenerate pearlite.

43.1.4 Development of Bainitic Structures During Continuous
Cooling Transformation
In order to investigate in detail the transformation mechanism of bainitic
structures, microstructural observations were carried out on a series of
interrupted quenching specimens from temperatures between the transformation
start and finish. The cooling rates of 5 and 15 °C/s were chosen, for which
granular bainitic " a B "

and

bainitic ferrite "a°B"

were

respectively

predominant. The specimens were cooled continuously at 5 and 15 °C/s after
being austenitised at 1200 °C for 5 minutes, and then interrupted quenched
from 620, 580, 555 °C for 5 °C/s, and 565, 540 and 515 °C for 15 °C/s. The
transformation start and finish temperatures were 670 and 490 °C for 5 °C/s,
and 630 and 435 °C for 15 °C/s, respectively.
For subsequent comparison, the dilatational curves obtained from specimens
continuously cooled to room temperature at 5 and 15°C/s are reproduced in Fig.
4.33, in which the expansional changes are uniform over the transformation
temperature range.

However, the corresponding optical microstructures,

particularly for 5 °C/s, are characterised by a mixture of quasi-polygonal ferrite,
Widmanstatten side-plate ferrite, and intermediate ferritic structures associated
with minor dispersed dark contrasting islands of martensite and/or austenite
(Fig. 4.32(a)). This means that the formation of these intermediate ferritic

Experimental Results

Chapter Four

(a)

400

600

600

TEMPERATURE [°C]

o.oso r

*•

*

*

i

• -

•-

>-

i

i-

••

,

—

.

—

.

—

,

—

i

—

•

—

.

—

.

—

i

—

i

—

•

—

.

—

0.015
i — i

E
E
£
E

/

z 0.010

(b)

/

-

oCO
-c
a.
X
LU

0.005

0.000
«00

SO0

.BOO

1000

1200

TEMPERATURE [°C]

(c)
0_
X
LU

1000

1200

TEMPERATURE ["C]

Fig. 4.34

Typical dilatation-temperature curves for the specimens subject

interrupted quenching at various temperatures: (a) 5 °C/s, 620 °C; (b) 5 °C/s,
580 °C; (c) 15 °C/s, 565 °C.
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Fig. 4.35 Typical microstructural development at the cooling rate of 5 °C/s: (a)
620 °C; (b) 580 °C; (c) 555 °C.
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products does not lead to a clear dilatometric resolution on continuous cooling
transformation. Hence, a series of step-quenching experiments were designed to
check the transformation temperatures of these intermediate ferritic products
during continuous cooling transformation.
Figure 4.34 shows typical examples of dilatation curves for the step-quenched
specimens which varied with interrupted quenching temperature during
continuous cooling at 5 and 15 °C/s, respectively. As can be observed, the
change in dilatation curves can be separated by two distinct regions, e.g. the
gradual expansion at the beginning of transformation and subsequent
catastrophic expansion over a relatively low transformation temperature range.
Microstructural observations of the associated step-quenched specimens
revealed a clear y—>a phase transformation sequence over the intermediate
transformation temperature range.
Figure 4.35 shows the microstructural evolution in the specimens continuously
cooled at 5 °C/s. As can be observed in Fig. 4.35(a), decomposition down to
620 °C produces only a grain boundary ferrite allotriomorphs which have a
generally faceted appearance consistent with aq. At a later stage of
transformation, Widmanstatten side-plate ferrite grows from these ferrite
allotriomorphs as can be seen in Fig. 4.35(b). Widmanstatten ferrite side-plates
formed at these "high" transformation temperatures are relatively wide. It is
inferred that side plates of the same orientation growing from grain boundary
ferrite coalesce by side wise growth, forming wider plates. As transformation
proceeds (Fig. 4.35(c)), the structure assumes the appearance of granular
bainitic "aB" with elongated or more globular pools of untransformed
austenite between the plates or groups (packets) of plates. The amount of

austenite decreased as the temperature fell. This transformational process for the
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Fig. 4.36 Microstructural development at the cooling rate of 15 °C/s: (a), (b)
565 °C; (c), (d) 540 °C.
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Fig. 4.37 Apparently random interphase precipitation of e-Cu within ferrite in
the specimen cooled at 0.1 °C/s. TEM micrographs: (a) bright field image; (b)
darkfieldimage revealing particles in the same variant of the K-S orientation
relationship.
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formation of granular bainitic structure was dominant in the slower cooled
specimens.

As cooling rate was increased, the tendency for the nucleation and growth of
bainitic ferrite from the prior austenite grain boundary increased. Figure 4.36
illustrates the microstructural development in step-quenched specimens cooled
at 15 °C/s. S o m e grain boundary allotriomorphs nucleated at the early stage of
transformation in some regions and Widmanstatten ferrite side-plates grew from
these ferrite allotriomorphs into the austenite grains as in (a) and (c), together
with the nucleation and growth of bainitic ferrite plates directly at the prior
austenite grain boundaries as in (b) and (d). As transformation progressed, the
amount of bainitic structure (granular bainitic " a B " and bainitic ferrite " a ° B " )
increased. Parts of the neighbouring plates of Widmanstatten and bainitic ferrite
tending to coalesce, more elongated the pools of remanent austenite becoming
finer and thinner.
From a dilatometric point of view, it is interesting to note that this sequential
formation of intermediate ferritic products in very low carbon steels cannot be
recognised from the continuous cooling dilatation curves.

432 Electron Microscopy of Continuously Cooled
Microstructures
k

432.1 Slow Cooled Specimens

Figures 4.37(a) and (b) are bright field (BF) and dark field (DF) micrograph
taken from the specimen cooled continuously at the slowest cooling rate (0.1
°C/s). A s can be observed, the microstructure is characterised by a ferrite matrix
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Fig. 4.38 Development of various microstructural components in the specimen
cooled at 5 °C/s. T E M bright field micrographs: (a) bainitic ferrite (a°B)
nucleated directly at a prior austenite grain boundary; (b) Widmanstatten ferrite
(aw) nucleated from a ferrite grain boundary allotriomorph.
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Thin foil transmission electron micrographs of granular ferritic

structure obtained in the specimen cooled at 5 °C/s: (a) low magnification bright
field image showing the nature of martensite-austenite islands in a relatively
non-acicular ferritic matrix; (b) higher magnification brightfieldimage revealing
an island of martensite-austenite constituent with internally twinned regions.
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associated with a low dislocation density, and considerable e-Cu precipitation is
evident. The dark field image using an e-Cu diffracted beam showed contrast in

the particles, Fig. 4.37(b). This indicates that the individual precipitates of edisplayed the same variant of the Kurdjumov-Sachs (1930) orientation
relationship.
The microstructure of the specimen cooled at 5 °C/s, as revealed by optical
microscopy consisted of a mixture of quasi-polygonal and Widmanstatten side-

plate ferrite together with intermediate ferritic structures (granular bainitic "
and bainitic ferrite "a°B") associated with minor dispersed dark contrasting
regions of MA constituents (Fig. 4.32(a)). Consistent with the observations
from optical microscopy, TEM micrographs revealed ferritic crystals either in the

form of parallel ferritic crystals separated by low angle boundaries (Fig. 4.38(a

or islands of a second constituent in a relatively featureless ferritic matrix (F
4.39(a)). An example of grain boundary and Widmanstatten side-plate ferrite
formed at a high transformation temperature is also shown in Fig. 4.38(b).
Figure 4.39(b) is a bright field micrograph in which the island microstructure is
revealed in detail. Twinned martensite is observed in the island, because of
partitioning of carbon to austenite as ferrite grows with falling temperature.
Figure 4.39 illustrates the dominant substructure in the specimen cooled, at 5

°C/s. The granular microstructure observed optically is characterised in thin foi
electron microscopy by a dislocated ferrite with little evidence of lath
boundaries. On the other hand, there is evidence of the formation of ferrite
plates because the MA islands are often elongated. Although sectioning of
bainitic plates can, in some cases, produce a structure with a granular
appearance, the dominant granular structure in the slower cooled specimens
rules out the sectioning argument. This conclusion is strongly supported by the
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Fig. 4.40 Thin foil transmission electron micrographs of martensite-austenite
island taken from the specimen cooled at 5 °C/s: (a) bright field image; (b)
corresponding retained austenite dark field image.
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Fig. 4.41 Transmission electron micrographs illustrating interlath martensiteaustenite constituents developed in the specimen cooled at 5 °C/s: (a) bright
field image; (b) dark field image using (020) A retained austenite reflection
indicated in (c); (c) selected area diffraction pattern showing both austenite and
martensite reflections; (d) the interpretation of (c).
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optical micrographs of Figs. 4.31(f), 4.32(a) and 4.35(c), in which some granul
bainitic regions are evident. Moreover, even though dislocation density was

not quantified, the density in the granular bainitic microstructure appeared t

significantly higher than that in polygonal and quasi-polygonal ferrite, but wa

slightly lower than that in the bainitic ferrite structure (Figs. 4.37, 4.38, 4
Figure 4.40 reveals a martensite-austenite island in the specimen cooled at 5
°C/s. The dark field image micrograph clearly shows that the former austenite
island largely decomposed to high carbon martensite on subsequent cooling,
and that the martensite component was surrounded by retained austenite

regions at the interfaces between martensite and the ferritic matrix (Fig. 4.40
Figure 4.41 illustrates another example of the interfacial retained austenite
in an elongated MA island. Similar dispersed regions of martensite-austenite
constituent are revealed in the micrographs, and in many cases a significant
volume fraction of these regions is retained austenite. Differences between
islands may reflect local variations in substitutional alloying elements or a
different degree of carbon partitioning in the remaining austenite region and
associated variations in MS(MA) temperature. The analysis of the diffraction
pattern shown in Fig. 4.41(d) is consistent with the martensite having a

Kurdjumov-Sachs (K-S) orientation relationship with the parent austenite phase,
i.e. (011)M // (1H)A and [111]M // [101]A, where the subscripts A and M refer to
austenite and martensite, respectively.

43.2.2 Fast Cooled Specimens
As cooling rate was increased, the higher thermodynamic driving force for the
decomposition of austenite resulted in finer and more well defined packets of
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Fig. 4.42 T E M bright field image micrograph showing the formation of fine
ferritic laths at the prior austenite grain boundary in a specimen continuously
cooled at 160 °C/s.
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Fig. 4.43 Thin foil transmission electron micrographs showing fine ferritic laths
with interlath retained austenite films in the specimen cooled at 160 °C/s: (a)
bright field image; (b) dark field image using a {111} A retained austenite
reflection.
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Fig. 4.44

Transmission electron micrograph showing continuous layers of

retained austenite along the boundaries between ferritic laths in the specimen
cooled at 160 °C/s: (a) bright field image; (b) dark field image taken using (200) A
retained austenite reflection; (c) the corresponding selected area diffraction
pattern; (d) the interpretation of (c).
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Fig. 4.45 T E M brightfieldmicrographs showing microstructural components
developed in the specimen cooled at -375 °C/s: (a) "burst" nucleation and
growth of packets of ferritic laths; (b) large group of identical ferritic laths
nucleated directly at the prior austenite grain boundary.
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Fig. 4.46 T E M micrographs showing fine ferritic laths with retained austenite in
the specimen cooled at -375 °C/s: (a) bright field image; (b) dark field image
using (020) A retained austenite reflection; (c) selected area diffraction pattern;
(d) the interpretation of (c).
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low-angle ferritic laths nucleated directly from the prior austenite grain
boundaries (Fig. 4.42). As can be observed, the ferritic transformation product
appeared in a large group or packet of parallel units. Within these packets, the
boundaries between ferritic laths were usually fairly straight and quite well
defined. Figures 4.43(a) and (b) for the specimen cooled continuously at 160
°C/s are higher magnification brightfieldand dark field micrographs of fine
ferritic laths sandwiched between a thin filmlike phase. The darkfieldimage
micrograph was taken using the (111)A austenite reflection, and confirmed that
thefilmlikephase is retained austenite. N o carbides were detected at the lath
boundaries.
Figure 4.44 shows another example of retained austenitefilmsat the interface
between fine ferritic laths, developed in the specimen cooled at 160 °C/s. It is
evident from the analysis of the diffraction pattern, given in the line drawing of
Fig. 4.44(d), that the ferritic laths have a K-S orientation relationship with the
retained austenite.
The fastest dilatometric cooling (-375 °C/s) showed a mixture of microstructural
components. Examples of low magnification brightfieldmicrographs of fine
ferritic lathlike microstructures are shown in Fig. 4.45.

The sheaflike

intragranularly nucleated ferritic units, characterised by high dislocation density
are normally attributed to low carbon lath martensite (Fig. 4.45(a)). Although
the growth of both martensitic and bainitic ferrite does not proceed across the
prior austenite grain boundaries, the large group of thin ferritic crystals which
appears to have nucleated directly at the prior austenite grain boundary in Fig.
4.45(b), is likely to be bainitic ferrite.
Figure 4.46 is an enlarged version of the central portion of Fig. 4.45(b), which
reveals fine ferritic laths in association with interlath retained austenite films.
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Fig. 4.47 T E M brightfieldmicrographs showing the changes infinestructure
with cooling rate. Specimens cooled at: (a) 5 °C/s; (b) 160 °C/s; (c) water
quenched.
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Fig. 4.48

Effect of cooling rate on the thickness of ferritic laths in the

specimens cooled at various rates.
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The analysis of the electron diffraction pattern shows that the orientation

relationship between ferritic laths and austenite is consistent with the K-

relationship. The significant stabilisation of retained austenite regions i
rapidly dilatometer cooled specimens (160 °C/s and -375 °C/s) may indicate

that stabilisation is partly due to carbon and nitrogen partitioning. The h

Mn, Cu and Ni contents of the alloy together with residual compressive strai
may also mechanically stabilise the austenite.

43.23 Change in Microstructure with Cooling Rate
For cooling rates ranging from 0.35 to -375 °C/s, a high volume fraction of

intermediate ferritic structures associated with a small amount of MA const

can be obtained. Furthermore, at a higher cooling rate, the ferritic crystal

become finer and more well defined, and form in larger packets. The disloca
density becomes higher and the martensite-austenite islands become thinner
more uniformly distributed in the ferritic matrix (Figs. 4.31, 4.32).

Figure 4.47 presents typical structural changes as a function of cooling ra

can be seen, the thickness of the ferrite laths decreases and the density of

dislocation within the ferritic units increases as the cooling rate increas

Bainitic ferrite, or lath martensite or a mixture of both of these forms of

becomes dominant at the higher cooling rate. The thickness of the ferrite l
r

as a function of cooling rate was also measured using electron micrographs (Fig.
4.48). It is evident that increasing the cooling rate gradually reduced the

thickness of the ferritic laths, but there was a significant change for coo
faster than 30 °C/s.
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Fig. 4.49 Effect of aging time on the hardness in the as rolled material.
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Fig. 4.50 Isothermal aging curves for the samples with bainitic ferrite structure,
formed at 440 °C after 5 seconds.
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Fig. 4.51 Effect of aging time on the hardness of as quenched steel.
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Fig. 4.52 Effect of aging time at 500 °C on the hardness of various pre-treated
microstructures.
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4.4 Copper Based Age Hardening

4.4.1 Isothermal Aging Curves

Figures 4.49 and 4.50 are plots of hardness versus aging time for both as rolle
and bainitic ferrite material aged at 450 ,500, and 550 °C. As the aging time
increased, the hardness increased gradually in both cases until the peak
hardness values were attained. It can be seen that the age hardening response
of the bainitic ferrite microstructure was higher than that of the as rolled
material. This result stems from the higher solute Cu content and the greater
density of dislocations in the pre-treated material because of the displacive
mechanism of bainitic ferrite formation. A higher peak hardness and a longer
time to reach peak hardness can be clearly observed for the lower aging
temperature for both of the pre-treated microstructures (Figs. 4.49, 4.50).
Hardness curves for as quenched material aged isothermally at 450, 500, and

550 °C are shown in Fig. 4.51. In this case, it is obvious that both copper age
hardening and tempering phenomena occurred competitively during the aging
process. Although the real age hardening effect is partially neutralised by
tempering of as quenched samples, the hardness curves show that copper age
hardening provides a significant secondary hardening effect. Compared to the
other two starting conditions, the aging reaction was slightly accelerated by
quenching.
Figure 4.52 represents the copper age hardening response at 500 °C for the
various pre-treated materials (as rolled, bainitic ferrite, and martensitic
structures). Quenched material showed a higher general level of hardness than

either bainitic ferrite or as rolled polygonal/quasi-polygonal ferrite. The hi
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Fig. 4.53 T E M brightfieldmicrographs of the bainitic ferrite structure aged at
550 °C for: (a) 3 minutes; (b) 90 minutes; (c) 128 minutes.
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(b)

Fig. 4.54 Apparently random distribution of interphase e-Cu precipitates in the
hot rolled plate steel: (a) brightfield(BF) micrograph showing both coarse and
fine copper precipitates; (b) centred dark field ( C D F ) image taken from a
{111} e _ Cu reflection revealing particles in the same variant of the K-S orientation
relationship.
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Fig. 4.55 Thin foil transmission electron micrograph showing planar interphase
e-Cu precipitates in the hot rolled plate steel.
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hardness is in part due to the high density of dislocations generated during

quenching, but the development of a significant peak in hardness still indicate
the presence of an appreciable copper age hardening effect.

4.42 Copper Precipitation

4.4.2.1 Bainitic Ferrite Structure
Figures 4.53(a), (b) and (c) are micrographs of bainitic ferrite aged at 550 °C
3, 90, and 128 minutes, respectively. As can be observed, the bainitic ferrite

laths contain a high density of dislocations. By correlating the aged structure
(Figs. 4.53(a), (b) and (c)) with the hardness measurements (Fig. 4.50), it can
seen that peak hardness (after 90 minutes) occurred when very fine e-copper
precipitates were present on the dislocations, (Fig. 4.53(b)). With further
growth of the precipitates by selective coarsening, the hardness began to drop
and the over-aged precipitates are easily distinguished by electron microscopy
(Fig. 4.53(c)).

4.4.2.2 As Rolled Condition
Copper precipitation was observed in some areas of the as rolled samples.
Figures 4.54(a) and (b) are BF and DF micrographs which reveal interphase eCu precipitates in an apparently random distribution, but displaying the same
variant of the Kurdjumov-Sachs orientation relationship. For other foil
orientations, sheets of e-Cu precipitates with regular spacings were observed
(Fig. 4.55). This precipitate morphology is identical with the interphase
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Fig. 4.56 Bright field (BF) T E M micrographs taken from as rolled samples aged
at 500 °C for: (a) 90 minutes; (b) 240 minutes.
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Fig. 4.57 Precipitation of e-Cu in the hot rolled sample aged at 500 °C for
90 minutes: (a) B F image; (b) C D F image from the (200) e Cu reflection indicated
in (c); (c) diffraction pattern showing ferrite and e-Cu reflections; (d) schematic
representation of diffraction pattern.
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precipitation observed and described by Howell et al. (1980) and Ricks et al.
(1979) during isothermal transformation of Fe-Cu-Ni alloys.
Figures 4.56(a) and (b) are TEM bright field micrographs taken from the as
rolled samples aged at 500 °C for 90 and 240 minutes, respectively. The as
rolled sample aged for 90 minutes displayed peak hardness and the structure
consisted of layers of fine e-copper, as well as relatively coarse e-copper
particles. The coarse precipitates are well over-aged and are unlikely to
contribute strongly to the peak hardness. They probably formed in ferrite by

interphase precipitation on cooling after hot rolling (Honeycombe, 1976; Ric
et al., 1980). After aging at 500 °C, additional copper-rich clusters and

precipitates form from supersaturated ferrite, and coarsening of pre-existin

copper particles also occurs (Fig. 4.56). The precipitates were generally coa

than those formed in the bainitic ferrite aged at the higher temperature of 5
°C (Figs. 4.53(a), (b) and (c)).

Figures 4.57(a) and (b) are bright field and dark field micrographs taken fro
the hot rolled sample aged at 500 °C for 90 minutes. The interphase

precipitation mode is inferred because of the layer precipitation morphology.

The electron diffraction pattern showing matrix and e-Cu reflections, and its
schematic representation is displayed in Fig. 4.57(d). The orientation

relationship between the copper precipitates and ferrite matrix was verified
correspond to one of the variants of the Kurdjumov-Sachs orientation
relationship developed between the fee (copper rich) and bcc (ferrite)

structures. This result indicates that copper precipitation occurred in ferri
In contrast to dominance of interphase e-Cu precipitation in the as rolled

condition, the Cu-rich precipitates were usually nucleated intragranularly o
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Fig. 4.58 T E M micrographs of martensitic samples: (a) as quenched (precipitate
free); (b) quenched and aged 30 minutes at 550 °C showing fine e-Cu
precipitates in association with dislocations.
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dislocations in the bainitic ferrite structure. Figure 4.53(c) shows a typical
bright field T E M micrograph taken from a bainitic ferrite sample in the overaged condition (128 minutes at 550 °C). A s can be seen, the e-copper
precipitates are predominantly sited on dislocations in a virtually random
distribution.

Comparison of Figs. 4.57 and 4.53(c) indicates that the bainitic ferrite is more
heavily dislocated than polygonal ferrite and contains finer C u precipitates in
the aged condition. Evidence for long range diffusion of substitutional solute
atoms in polygonal ferrite is indicated by the presence of coarse e-copper
precipitates in the hot rolled condition (Figs. 4.54, 4.55). During aging, the preexisting C u

particles act as sites for further relief of remanent

Cu

supersaturation, leading to particle coarsening. Additional in situ clustering and
precipitation of fine Cu-rich particles also occurs, increasing the hardness.
W h e n the transformation temperature is significantly lower, diffusion and
precipitation of C u are retarded leading to C u supersaturation and relatively
precipitate free-bainitic ferrite.

4.4.23 Martensitic Structure

Precipitation of e-Cu was not detected in the pre-treated martensitic structure
would be expected for the fast cooling rate generated by water quenching (Fig.
4.58(a)). However, Cu-rich precipitates can be formed from supersaturated solid
solution during subsequent aging treatment because of the decrease in the
solubility of copper in ferrite with decreasing temperature (Hornbogen and
Glenn, 1960).

(c)

(d)

^^R^^S (e)
Fig. 4.59 Preferential coarsening of multi-variant e-Cu precipitates from the
martensitic specimen aged at 550 °C for 240 minutes: (a) B F image; (b) C D F
image from the faint { H l } e C u reflection indicated in (c); (c) corresponding
diffraction pattern (near < 1 1 1 > M zone axis); (d) C D F image from another faint
{lll} e C u reflection indicated in (e); (e) corresponding diffraction pattern (near
<111>M

zone axis). These reflections are consistent with multiple variants of the

K-S orientation relationship.
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Figure 4.58(b) shows a bright field (BF) micrograph taken from a martensitic
sample aged at 550 °C for 30 minutes. After this treatment , the alloy exhibited
the peak age hardening response, associated with fine e-Cu precipitates
randomly distributed on dislocations. In samples aged for longer times, <111>
zone electron diffraction patterns of the martensitic matrix showed multivariant

reflections from e-Cu particles. A typical e-Cu precipitate dispersion associated
with multiple variants of the K-S orientation relationship is shown in Fig. 4.59.

The reflections from the diffraction pattern of the martensitic structure in Figs.
4.59(c) and (e) display a <111> zone axis with two orientation variants of the eCu precipitate particles. The DF images corresponding to the two variants are
shown in Figs. 4.59(b) and (d).
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5.1 Introduction
Considering the experimental results presented in Chapter 4 (Sections 4.2 and
4.3), it is obvious that the austenite transforms to complicated microstructures
during isothermal and continuous cooling transformations in this low carbon
plate steel. The difficulties of phase identification are further pronounced by the
mechanism of austenite decomposition with respect to the competition between
nucleation either in the austenite grain interior or at the highly favoured grain
boundary. At a very slow cooling rate or higher isothermal transformation
temperature, equiaxed or polygonal ferrite grains form by a completely
reconstructive transformation m o d e from the nucleation and diffusion controlled
growth of allotriomorphs and idiomorphs at the austenite grain boundaries. This
transformation regime is represented by the upper right hand transformation
temperature range shown in the T T T - and CCT-diagrams (Figs. 4.1, 4.29). These
and other forms of proeutectoid ferrite have been specified in a generally
accepted morphological classification (Dube et al., 1958; Honeycombe, 1976;
Honeycombe, 1980).
However, the microstructures which form at intermediate temperatures and
cooling rates compared to those at which martensite and ferrite/pearlite form are
quite different from those which form in medium and higher carbon steels. The
intermediate transformation region in higher carbon steels is characterised by
classical upper and/or lower bainite depending

on the transformation

temperature and the carbide morphology. The current work focuses on the
microstructural

characterisation

of bainite-like ferritic structures

and

transformation mechanisms which occur during isothermal and continuous
cooling transformations in the low carbon steel investigated. The development
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of various classification systems for ferritic structures in modern low carbon
steels has also been evaluated. Section 5.3 covers the modelling of austenite
decomposition kinetics on continuous cooling.
The final section of the discussion covers one of the interesting strengthening
mechanisms which can be employed in H S L A steels, that of copper dispersion
hardening. A t first, it concentrates on copper age hardening in association with
precipitation processes developed in various pre-treated structures (ferrite,
bainitic ferrite, martensite) aged isothermally at different temperatures. Then,
copper precipitation processes accompanying the transformation of austenite
during isothermal and continuous cooling are discussed and compared to each
other in conjunction with the subsequent aging treatment of various pre-treated
structures. Discussion of these results has been combined to provide a clear
understanding of copper precipitation processes occurring in commercial C u bearing H S L A steels and their influence on copper precipitate dispersion
hardening of various pre-treated structures.

5.2 Microstructural Features of Modern Low
Carbon Steels

52.1 Polygonal and Quasi-Polygonal Ferrite
Based on the dilatometric experiments, interrupted quenching tests and
metallographic observations, it w a s found that polygonal ferrite (ap) generally
nucleates and grows into an allotriomorphic shape at the prior austenite grain
boundaries (Figs. 4.3, 4.32). This transformation process is usually associated
with compositional change which proceeds by diffusion and is commonly
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termed a reconstructive transformation which shows the normal sigmoidal

isothermal transformation characteristic (Fig. 4.24(a)). During reconstructiv

transformation, the atoms cross the y/oc interface in an uncoordinated manne
accomplishing the required lattice change and simultaneously causing a
minimisation of the strain energy. The growth mode is controlled by the long

range diffusion of solute atoms with local equilibrium, being established at

a/y interface. Since the formation of polygonal ferrite involves a diffusion

rearrangement of iron atoms at relatively high temperatures this process doe

not result in accumulation of transformational strain in the ferrite because

thermally activated relaxation. As a result, polygonal ferrite is always low

dislocation density and has a relatively low hardness and strength (Figs. 4.3
4.10,4.30,4.37).
Compositional change during growth of polygonal ferrite means that the
residual austenite becomes enriched in carbon, and also possibly enriched or
depleted in substitutional alloying elements through partitioning between
parent and product phase, thus leading to higher carbon regions which
subsequently transform to microconstituents either on isothermal holding or

subsequent cooling. The transformation temperature is generally so high that

the final product is effectively a fully strain-free structure in associatio

low dislocation density. For this reason substructure-free polygonal ferrite

interiors are generally insensitive to etching (white grains) and the,, fina
structure is defined by ferrite grain boundaries (Figs. 4.3, 4.32).
At somewhat lower transformation temperatures the ferrite growth mode
becomes apparently anisotropic and the final shape seems irregular and often

has jagged grain boundaries (Figs. 4.3(d) and (e), 4.32(b)). This more irreg
shaped ferrite has been termed quasi-polygonal ferrite (aq) by the Japanese
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Bainite Committee (Araki et al., 1990; Araki et al., 1991; Araki, 1992), and
idiomorphic ferrite (oti) by Bhadeshia (1992), and "massive ferrite" by Wilson
(1994) and Edmonds (1994).
In this work, although the formation of polygonal and quasi-polygonal ferrite
did not lead to a clear dilatometric resolution on continuous cooling
transformation, the step-quenching experiments revealed that the transformation
start temperature of quasi-polygonal ferrite during continuous cooling was just
below that of typical polygonal ferrite and that the formation of both forms of

ferrite continued down to the Bs temperature (Figs. 4.3(e) and (f), 4.4, 4.32). It
likely that the formation of quasi-polygonal ferrite can start on pre-existing
allotriomorphic polygonal ferrite at the austenite grain boundaries once the
temperature has fallen to a level where ledge growth is energetically and
kinetically favoured over the motion of high angle boundaries. The

development of planar interphase e-copper precipitates in the ferrite grains (Fig
4.11), is consistent with growth of ferrite by the ledge mechanism at relatively
greater undercooling.

Therefore, the formation of quasi-polygonal ferrite is related to the tendency fo
ferrite to grow with interfacial facets instead of curved boundaries at the lower
transformation temperature. This effect is generally considered to be based on a
preference for the development of semi-coherent interfaces which migrate by
transverse ledge motion rather than the movement of an incoherent interface
normal to itself by atomic jumps across the boundary.
The quasi-polygonal ferrite is clearly faceted in the specimens partially
transformed to ferrite (Fig. 4.32(b)), but complete transformation is likely to
establish impinging quasi-polygonal grains in which the boundaries consist of
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differently oriented plane segments which give an overall impression of irregular
grain shapes (Figs. 4.3(d) and (e)). Both ccp and aq forms can grow across and

eliminate prior austenite grain boundaries (Figs. 4.3, 4.32, 4.35), but in the lat

case the dislocation density is higher, in the form of a coarse recovered subgrain
structure, consistent with its lower transformation temperature.

522 Widmanstatten and Bainitic Ferrite

5.22.1 Morphology and transformation temperature
Widmanstatten ferrite (aw) was observed to form by anisotropic (side-plate)
growth from allotriomorphic ferrite on the austenite grain boundaries (Figs.
4.3(c), 4.3(d), 4.31(f), 4.32(a), 4.35, 4.36(a), 4.36(c), 4.38(b)). In contrast, the

bainitic ferrite (a°B) nucleates directly at the prior austenite grain boundarie
(Figs. 4.36, 4.38(a), 4.42). The "acicular" shapes of aw and a°B crystals,
which minimise strain energy generated during transformation, differentiate
these forms of ferritic phases from diffusional allotriomorphic polygonal and
quasi-polygonal ferrite.
Aaronson et al. (1986) demonstrated that the variation of the Widmanstatten
start (Ws) temperature (the highest temperature at which Widmanstatten ferrite
first appears) with the alloying elements is approximately proportional in; most
cases to that of the A^ temperatures and concluded that Widmanstatten
structures form via diffusional processes with respect to both carbon and
substitutional alloying elements and that Widmanstatten ferrite will evolve
when the migration rate of semi-coherent ledge interphase boundaries exceeds
that of the disordered boundaries. In the present work, the aw was formed at
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relatively high isothermal transformation temperatures in conjunction with the
polygonal and/or quasi-polygonal ferrite formation (Figs. 4.3(c), 4.3(d)). This
suggests that the Widmanstatten structure observed in the isothermally
transformed specimen may grow by a diffusional mechanism. On the other
hand, other workers (Bhadeshia and Edmonds, 1980; Bhadeshia and Christian,
1990) have proposed a diffusionless transformation for Widmanstatten ferrite
formation with respect to substitutional solutes, with interstitial diffusion of
carbon into remanent austenite.
Moreover, in the case of continuous cooling, the formation of Widmanstatten
and bainitic-type ferrite structures did not show a clear dilatometric resolution
(Fig. 4.33) and that the observed aw seemed to occur mostly in company with

the bainitic type transformation (Figs. 4.31, 4.32, 4.36, 4.38). This indicates th
both of these types of ferritic phases probably form by the same transformation
mechanism. The most probable explanation for the present conflicting results is
given below.
The Widmanstatten and bainitic structures are characterised by the plate or lath

shape of the ferritic crystals, associated with high dislocation density (Figs. 4.
4.19, 4.38, 4.42, 4.43). Although the substructure of Widmanstatten ferrite

shows slightly lower dislocation density than that of bainitic ferrite, it has be
often observed that Widmanstatten ferrite shows a consistent crystallographic
orientation relationship and well established habit plane close to {lll}fcc (Araki

et al., 1991; Okaguchi et al., 1991), which is close to that observed for bainitic
ferrite. However, the nucleation sites for the two structures are completely
different, e.g. Widmanstatten ferrite grows from the grain boundary
allotriomorphic ferrite produced by a completely diffusional process (Figs.
4.3(c), 4.3(d), 4.32(a), 4.35, 4.36,4.38), whereas the bainitic ferrite is thought
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nucleate diffusionlessly at low carbon regions in the vicinity of austenite grain
boundaries (Figs. 4.6, 4.31, 4.36, 4.38, 4.42). Furthermore, there are
characteristic differences between the Widmanstatten and bainitic ferrite, with
the main differences being a larger size of individual subunits, a greater width
and a lower dislocation density in the Widmanstatten ferrite.

5222 Nucleation and growth
When Widmanstatten and bainitic transformation occur at higher temperatures,
carbon can diffuse either during or after the transformation long distances into
the remaining austenite regions. That the residual austenite pools are carbonenriched is clearly shown by the depression of their martensite transformation
start temperature (curve MS(MA) in Fig. 4.29) and by the twinned martensite or

martensite-austenite constituents in the island structures (Figs. 4.13, 4.14, 4.39
4.40, 4.41). This phenomenon can be interpreted as support for the diffusional
model of Widmanstatten and bainitic transformation in low carbon steels.
However, by examining in detail the morphology and crystallography of bainitic

structures obtained in this work, it was found that the bainitic ferrite exhibite
constant crystallographic orientation relationship with its parent austenite

phase, in a similar fashion to that of the low carbon lath martensite (Figs. 4.15,
4.44? 4.46). Surface tilts were also detected using atomic force microscopy and
t

both the presence of a shape strain and the existence of a crystallographic
orientation relationship are consistent with the displacive view of the bainitic
transformation. Therefore, the overall experimental evidence indicates that
carbon atoms partition by diffusion either during or after the bainitic
transformation, while the crystallographic properties are much more easily
understood in terms of displacive theory. These aspects of bainitic
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transformation have stimulated significant discussion regarding the mechanism
of the bainite formation in modern low carbon HSLA steels.
Bhadeshia (1980, 1981) suggests that the Widmanstatten ferrite forms with the
partitioning of carbon atoms to the equilibrium content in austenite during

military displacements of the substitutional alloying elements. For bainitic ferri

he considers that it is formed completely diffusionlessly, with the supersaturated
carbon atoms being ejected subsequently after the bainitic ferrite formation. On
the other hand, the iron and substitutional alloying elements move displacively
during aw transformation, and the interstitial carbon atoms are free to diffuse
and undergo equilibrium partitioning so that Widmanstatten ferrite can grow
displacively but without carbon supersaturation. In the present work,
Bhadeshia's proposal (1980, 1981) is supported by the significant partitioning
of carbon in the remaining austenite pools following the formation of
Widmanstatten and bainitic ferrite (Figs. 4.14, 4.15, 4.20, 4.39, 4.41). However,

it is very difficult to establish whether the partitioning of carbon occurs either
during or after the formation of these ferritic transformation products.
Some workers have expressed the view that the situation where displacive
transformation to Widmanstatten ferrite proceeds with simultaneous partitioning
of interstitial atoms is difficult to accept even though the crystallographic
orientation relationship appears to be similar to that of the bainitic ferrite

(Ohmori et al., 1971; Ohtani et al, 1990; Okaguchi et al., 1991). In the nucleatio
stage, there is a significant difference between Widmanstatten and bainitic
ferrite in that Widmanstatten ferrite grows from the grain boundary

allotriomorphs of ferrite (Figs. 4.3(c), 4.3(d), 4.35,4.36(a) and (c), 4.38(b)), whi

bainitic ferrite nucleates directly at the prior austenite grain boundaries (Figs.
4.6, 4.31, 4.36(b) and (d), 4.38(a), 4.42). Therefore, the Widmanstatten ferrite
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can easily grow with less activation energy for growth, while the bainitic ferrit
nucleation will need a higher activation energy

leading to the larger

supercooling.

Furthermore, it has been demonstrated by Ryder and Pitsch (1966) that the
primary ferrite grains nucleated at an austenite grain boundary are coherent
with at least one of the austenite grains separated by the boundary. The ferrite
grains will grow into both grains at higher temperatures, but lowering the
transformation temperature reduces the diffusion rate, and subsequently the
growth of a grain boundary allotriomorph into the coherent side will be
accelerated. Thus the Widmanstatten ferrite side-plates which are related to the
austenite matrix by the K-S orientation relationship will grow from these primary
ferrite grains.
In the present work, the presence of Widmanstatten ferrite formed at higher
isothermal transformation temperatures in conjunction with polygonal and/or
quasi-polygonal ferrite formation (Figs. 4.3(c), 4.3(d)), is consistent with the t w o
proposed mechanisms for a w formation.

O n e is the formation at high

temperature by a fully diffusion controlled ledge type mechanism, and the other
is the formation by the displacive mechanism as discussed above. It should be
also pointed out that the Widmanstatten start temperatures of low carbon low
alloy steels are difficult to determine accurately because Widmanstatten
structures can easily form during quenching after isothermal holding.

5.223 Modification of the morphology by diffusional processes
Because the Widmanstatten structure forms at relatively high transformation
temperatures, the ferrite growth is facilitated and coalescence of parallel primary
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ferrite plates can occur (Figs. 4.31(f), 4.32(a), 4.35(b) and (c), 4.36). In the

bainitic case, at a temperature close to Bs, the diffusion of interstitial carb

bainitic ferrite and austenite is rapid (Ohtani et al., 1990) and so the carbo
diffuses to untransformed austenite pools entrapped by rapid formation of
bainitic plates. The significant level of carbon partitioning in the remaining
austenite pools is clearly demonstrated by the observation of twinned

martensite in island structures formed in specimens isothermally transformed a
intermediate temperatures (580-430 °C) even for a short period of time (5

seconds) (Figs. 4.13, 4.14, 4.15, 4.20). During prolonged isothermal holding at
intermediate temperatures, decomposition of remaining carbon enriched
austenite pools occurs by coupled growth of carbide and ferrite (Figs. 4.17,

4.21), leading to a ferrite matrix periodically interrupted by carbide particle

the lath boundaries or between the bainitic packets (Figs. 4.4, 4.17, 4.21). Th

the appearances of both Widmanstatten and bainitic ferrite formed at the early

stage of transformation during isothermal or continuous cooling treatments are
modified by the diffusional decomposition of the carbon enriched austenite
pools.
Based on the overall results and discussion relevant to this section, the
mechanism of Widmanstatten ferrite growth cannot be ascertained with

confidence. It can be stated with certainty that the transformational process i
associated with the formation of twinned martensite or martensite-austenite

constituent in island regions (Figs. 4.13, 4.14, 4.20, 4.39, 4.40, 4.41), indica
that a significant level of carbon enrichment in the untransformed austenite
pools occurs during or after Widmanstatten side-plate ferrite formation.
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523 Granular Bainitic (aB) and Bainitic Ferrite (a°B)
Polygonal and quasi-polygonal ferrite formations were followed by bainitic
transformation products at intermediate isothermal temperatures (580-430 °C)
and cooling rates (0.35-20 °C/s) (Figs. 4.4, 4.5, 4.31, 4.32). The higher the
cooling rate, the smaller was the size of the islands and the lower the volume
fraction of ap and aq (Figs. 4.31, 4.32). The formation temperature range of
polymorphic ferrite and bainitic structures was clearly separated on the
dilatation curves (Fig. 4.25(b)), and this indicated that these products were
formed by a quite different transformation mechanism.
When the specimen was cooled at a moderate rate (~5 °C/s), the dominant

structure corresponded to granular bainitic ferrite (aB). This structure is etch
resistant and has the appearance of light blocks within which blocky dark
contrasting islands can be observed by optical microscopy (Fig. 4.32(a)). The
percentage of granular bainitic structure in each specimen varied with cooling
rate. At a higher cooling rate, the structure was clearly associated with an
elongated and well aligned second "phase" of martensite and/or retained

austenite (Fig. 4.31). This ferritic product conforms with the description bainit
ferrite (a°B).
When bainitic transformation occurs at a higher isothermal temperature or lower
cooling rate, carbon can diffuse long distances to larger and more dispersed
carbon enriched islands. As a result, subsequent definition of the boundaries
between laths is not clear. In addition, lateral growth of the laths can occur

more rapidly because the transformation strains are relaxed by rapidly activated
dislocation movement. As a result, the lath like nature of the early stages of
growth becomes less obvious in the fully transformed condition. When the
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bainitic structure forms at a lower transformation temperature, carbon diffusion
is more limited and pools of austenite are retained at the lath boundaries which
then become easily visible after etching (Figs. 4.6, 4.31). Examination by T E M
showed that the a B type structure, whose nature is not readily evident in
optical microscopy, actually consisted of laths l-2pm wide within which there
was a high density of dislocations (Figs. 4,12, 4.19, 4.38(a), 4.47).
From the kinetic point of view, it was found that the formation of these bainitic
structures did not show a clear dilatometric resolution during continuous
cooling transformation (Fig. 4.33). This implies that the formation of these
bainitic products occurred by the same transformation mechanism. However, by
interrupted

quenching

experiments

for the

case

where

the

bainitic

transformation had just begun during continuous cooling, it was found that the
granular bainitic structure was formed at higher temperature (Fig. 4.36), and w a s
slightly softer than that of bainitic ferrite. Therefore, the differences between
a B and a ° B is one of degree rather than kind, with the laths being wider and
slightly less dislocated and the residual islands, coarser and less elongated in aB,
which forms at a lower cooling rate or at higher temperatures.

52.4 Bainitic Ferrite and Martensite
The term bainite in steels has been used for the decomposition products which
form

in the

temperature

range

dividing

the

diffusional

polymorphic

ferrite/pearlite transformations and the displacive martensitic transformation.
Even though there have been a number of investigations, the reaction
mechanism of bainite is not yet fully understood. O n e of the most important
uncertainties about the bainite reaction is the growth mechanism of the ferritic
component of bainite. T w o completely different models, e.g. a diffusional and a
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displacive mechanism, have been proposed (Hehemann et al., 1972; Bhadeshia
and Christian, 1990; Tsuzaki et al, 1991; Ohmori, 1994). The diffusional group
claims that the ferritic component of bainite develops by a diffusional ledge type
mechanism, as Widmanstatten ferrite does. O n the other hand, the displacive
school proposes that the bainite reaction occurs diffusionlessly, as far as
substitutional atoms are concerned.

In the present investigation, martensite and bainitic ferrite could be
distinguished by a quite different etching susceptibilities as shown by optical
micrographs (Figs. 4.2, 4.3(a), 4.4, 4.5, 4.6, 4.31).

Since the bainitic

transformation occurs at a higher temperature compared to the martensitic
transformation, carbon can diffuse to a greater extent either to the remaining
austenite pools or to the boundary between laths. W h e n this structure is
etched, the boundaries of the retained austenite islands or its decomposition
products etch deeply, giving the overall appearance of a plate shaped ferritic
matrix with a superimposed dispersion of dark contrasting "particles".

The

martensitic transformation is characterised by clusters of very fine ferritic laths
which form at lower temperatures with little or no carbon diffusion to the
interlath boundaries (Figs. 4.22(b), 4.45(a), 4.47). Since the carbon distribution
in the martensitic structure is uniform, it etches uniformly (Figs. 4.3(a), 4.6,
4.31(a), 4.36).

The kinetic properties of bainitic ferrite are mainly similar to those of marten
which forms via diffusionless processes in this low carbon plate steel (Figs.
4.24(c), 4.26(b)). At a fast cooling rate, the austenite decomposition m a y
change from bainitic to martensitic transformation, but this could not be
detected by means of dilatometry since the associated curves show only a single
expansional change over the bainitic and martensitic transformation temperature
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range (Fig. 4.26(b)). Also, the isothermal transformation behaviour of bainitic

ferrite did not exhibit a diffusional (reconstructive) nature such as the typi
curve behaviour observed in medium to high carbon steels (Khan and
Bhadeshia, 1990). In this case of a low carbon steel, rapid nucleation and

growth of bainitic ferrite (similar to martensitic transformation) occurs at e
stage of isothermal transformation at relatively high temperature of 500 °C
(»MS) (Fig. 4.24(c)). Thus, carbon partitioning must be an important factor
during bainitic transformation and the difference between bainitic and
martensitic transformation decreases as the carbon content of austenite
decreases.
TEM examination also indicated that the bainitic ferrite crystals exhibited a
constant crystallographic orientation relationship with the parent austenite
phase, in a similar fashion to that of low carbon lath martensite (Figs. 4.15,

4.38(a), 4.43, 4.44, 4.46). This common microstructural characteristic leads in
this case to confusion regarding the identification of martensite and bainite,
which are clearly distinguishable in medium carbon steels.
However, on the basis of the overall dilatometric and metallographic
observations, it is evident that the transformation start temperature of the

bainitic ferrite is significantly higher than that of the martensitic transfor

and so the bainitic ferrite is softer than the martensite (Figs. 4.6, 4.30, 4.3

i
4.1). Furthermore, the bainitic ferrite structure is characterised by firte and

extremely long parallel ferritic laths which nucleate directly at the prior au

grain boundary (Figs. 4.31, 4.38(a), 4.42, 4.45(b)), while the martensitic stru
appears to develop by bursts of nucleation and growth of ferritic lath packets

different orientations within the austenite grains (Figs. 4.22(b), 4.45(a), 4.47
The formation of these microstructural features is associated with the
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thermodynamical driving force during bainitic and martensitic transformation.

In the bainitic ferrite structure, the laths in a given packet are almost all in s
crystallographic orientations and the laths are therefore separated by low-angle

boundaries (Figs. 4.12(b), 4.19(a), 4.38(a), 4.42, 4.45(b)). Surface relief analysi
indicated a repeated tent shape relief across groups of parallel laths indicating
alternating self accommodating variants which nonetheless have similar

orientations. In contrast, smaller packets of laths, with each packet consisting of

a different variant cluster are observed in the martensitic structure (Figs. 4.22(b
4.45(a), 4.47(c)). This is reasonable because rapid quenching induces
macroscopic stresses and stress gradients which will interact with variant
selection in such a way as to partially accommodate the quenching stresses.
The lack of thermal activation to dissipate transformational strains is countered
by formation of small packets of differing variant clusters and limited thickening
of laths. The larger numbers of variant packets within a prior austenite grain
also reflects the accommodation of strain accumulated over large distances
through the austenite grain.
It has been reported (Katsumata et al., 1991) that supersaturated carbon is

rejected from bainitic ferrite to untransformed austenite either during or after t
bainite transformation and then concentrates in untransformed austenite,
leading to significant stabilisation of interlath retained austenite films. This
effect has also been confirmed by the current investigation. Thus,//it is
reasonable to conclude that the large groups of ferrite laths of similar

orientations (Fig. 4.45(b)) are bainitic ferrite type structure. However, a lathli
microstructure with interlath retained austenite was also observed in an Fe-CrMn alloy containing 0.25%C by Rao and Thomas (1980). They demonstrated
that the laths were martensite and excessive carbon segregation could not be
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the dominant stabilising mechanism for austenite. Since the hardness of rapidly
cooled dilatometer specimens (335 H V 1 0 ) was lower than that after water
quenching (350 HV10), it is unlikely that the rapidly cooled dilatometric
specimen is completely martensitic (Fig. 4.31 (b)).

It is interesting to point out that the bainitic ferrite structure formed in the
carbon steel on isothermal treatment and continuous cooling is similar to
m e d i u m carbon upper bainite in the sense of parallel ferrite laths alternating with
a minor interlath residual phase (Figs. 4.12(b), 4.38(a), 4.41, 4.43). However, in
the case of the low carbon steel investigated the second "phase", located at the
interlath or intersheaf boundaries, is normally not cementite as in classical upper
bainite (Fig. 4.16), but one or more of a series of residual phases or phase
mixtures, such as retained austenite, martensite, and martensite-austenite
constituent. Nevertheless, this bainitic or lath ferrite structure with interlath or
interpacket residual phase is certainly the low carbon variant of upper bainite
and is the most c o m m o n ferritic product observed for intermediate isothermal
and continuous cooling transformations.

525 Intermediate Isothermal and Continuously Cooled
Transformation Products

5.2.5.1 Transformation processes and microstructures /
The experimental results show that the austenite in the plate steel investigated
transforms to a largely ferritic microstructure over a wide range of isothermal
transformation temperatures and continuous cooling rates (Figs. 4.1, 4.29). The
ferritic matrix assumed various morphologies and substructures which are a
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function of cooling rate and temperature range of formation. For intermediate
temperatures (580-430 °C) and cooling rates, development of the intermediate
transformation product can be described in terms of the following stages: lath-

like ferritic crystals form in the early stage of transformation, and subsequen
the resultant carbon enriched austenite pools entrapped by the ferritic matrix
transform fully or partially to high carbon martensite at lower temperatures on
continuous cooling. A possible explanation for the fact that the residual
austenite regions adjacent to the bainitic crystals remain untransformed at the
reaction temperature is that their carbon concentration increases as a
consequence of transformation to such an extent that the formation of bainitic
structure eventually becomes thermodynamically impossible. If the starting
carbon concentration of the remaining austenite regions is large, the formation
of bainitic ferrite ceases at an early stage of the reaction, and so the volume
fraction of the residual phases is larger (Figs. 4.4, 4.5, 4.31, 4.32).
The formation of intermediate ferritic structures was always associated with
residual islands composed of martensite, martensite-austenite constituent, or
carbide (Figs. 4.12, 4.13, 4.14, 4.17, 4.39, 4.41). On the basis of the model
proposed by He (1986), if partitioning of carbon in austenite occurs during the
initial stage of austenite decomposition, the consequent transformation of
remaining carbon enriched austenite should follow a transformation curve other
than the original transformation curve. The CCT-diagram in Fig. 4.29 exhibits
multilayer transformation curves which obviously indicate that the formation of
intermediate ferritic structure proceeds before the decomposition of carbon
enriched austenite islands. This result is in good agreement with the proposed

transformation processes of formation of intermediate ferritic structure and wi
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He's model concerning the modification of the phase diagram due to
partitioning of carbon.

The two stage transformation model proposed for formation of intermediate
structure is further illustrated by the structures of specimens isothermally
transformed in the intermediate temperature range (580-430 °C). Comparing
the microstructures obtained isothermally after short (5 seconds) and longer

holding time (80 minutes) (Figs. 4.4, 4.5), it is evident that the microstructu

are similar, but the residual phase entrapped by the ferritic matrix is carbide
a longer holding time (Figs. 4.17, 4.21), rather than martensite, after a short
holding time (Figs. 4.14, 4.15, 4.20). Therefore, the carbon enriched austenite
pools underwent further decomposition on holding for long times at
intermediate temperatures above the MS(MA) temperature. Hence, the formation

of intermediate ferritic structure precedes the decomposition of carbon enriche
austenite regions and the second stage transformation to martensite does not
occur until the temperature is below the MS(MA) temperature.
By examining in detail the metallography of ferritic transformation products
obtained in a wide range of isothermal temperatures and cooling rates (Figs.

4.31, 4.36, 4.38(a), 4.42), it can be seen that the prior austenite grain bounda

are preserved when intermediate ferritic products are formed. This implies that
polymorphic transformation mechanism other than reconstructive
A'

transformation is operative during nucleation and growth of these ferritic
products. In contrast, the formation of polygonal and quasi-polygonal ferrite
occurs by diffusion because the product phase grows across and eliminates the

prior austenite grain boundaries (Figs. 4.3, 4.32, 4.35). In addition, the ferri

matrix of the intermediate transformation products contains quite a high densit
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of dislocations (Figs. 4.12, 4.19, 4.38, 4.39, 4.42), which are a product of the
inherent volume change on y->a transformation.

Based on the overall TEM investigation, the intermediate structures obtained in
this work are characterised by a ferritic matrix consisting of acicular shaped
crystals with a high dislocation density in association with minor dispersed
second "phase" of martensite and/or retained austenite (Figs. 4.12, 4.19, 4.38,
4.39, 4.42). Large packets of ferritic crystals with almost the same
crystallographic orientation were often observed within prior austenite grains.
In some cases, the low angle boundaries between adjacent crystals were readily

observed (Figs. 4.12(b), 4.19(a), 4.38(a), 4.42), but in other cases, there was li

evidence of boundaries between the ferritic crystals, other than the presence of
elongated products of the residual phase formed from austenite on quenching
(Fig. 4.19(b)). The low-angle boundaries between the ferritic crystals are

insensitive to etching, and as such, little or no evidence of lath boundaries wa
detected by optical microscopy. Therefore, the optical microstructure is
characterised by the appearance of dispersed dark contrasting regions in a
relatively featureless ferritic matrix whose acicular form is revealed by the
morphology and distribution of the residual phase.

5.25.2 Classification systems
Examination of the isothermal and continuous cooling transformation

characteristics of austenite in the low carbon steel has shown that the austenit
transforms over a wide temperature range to products intermediate between
those of diffusional products (polygonal/quasi-polygonal ferrite and pearlite)
and low temperature diffusionless product (martensite) (Figs. 4.1, 4.29). Upper
and lower bainite in medium carbon low alloy steels have been the first
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characterised intermediate microstructures (Davenport and Bain, 1930): upper

bainite forms at temperatures below those where polygonal ferrite and pearli
form, and lower bainite forms at temperatures close to the Ms. The classical

definition of upper bainite is that it consists of parallel ferrite laths wi
cementite, and lower bainite as plates of ferrite with intraplate cementite

particles. Using these descriptions of bainite, the intermediate microstruct

observed in this study are not easy to classify as either upper or lower bai
There has been a considerable discussion about the morphological features of

ferritic microstructures formed at intermediate temperatures and cooling rat
modern low carbon HSLA steels (Economopoulos and Habraken, 1967; Bramfitt
and Speer, 1990; Araki et al, 1991; Krauss and Thompson, 1994; Araki and

Shibata, 1995). On the basis of isothermal transformation studies on low carb

low alloy steels, Ohmori et al. (1971) concluded that three morphological fo
of bainite can occur. These are: carbide-free bainite occurring in the
temperature range 600-500 °C (BI); conventional upper bainite at 525-450 °C
(BIT); and lath type lower bainite at 450-400 °C (BUI). The results of the

present investigation are consistent with the formation of carbide-free bain
structure (BI).

It has been proposed that the microstructure of ferrite with islands of mart
austenite (MA) should be referred to as granular bainite, because of the
"granular" appearance of the MA islands in the matrix (Habraken, 1960;
Economopoulos and Habraken, 1967). Another attempt to summarise the
morphological features of structures in low carbon ferritic steels was made
Bramfitt and Speer (1990) who classified a microstructure consisting of an
acicular (carbide-free) ferrite associated with a constituent consisting of

Chapter Five

Discussion

131

islands or blocky regions (of austenite and/or martensite, or pearlite) as B3 typ
bainite.
Krauss and Thompson have chosen the terms acicular ferrite "AF" and granular
ferrite "GF" to describe the unique microstructural features in low carbon
microalloyed steels undergoing both isothermal and continuous cooling
transformations, and these terms are considered to emphasise that the austenite

transforms only to a single phase ferrite with lath and/or non-lath morphologies,
respectively (Thompson et al, 1990; Krauss and Thompson, 1994). As pointed
out by Bhadeshia however (Babu and Bhadeshia, 1991; Bhadeshia, 1992), the

use of the term "acicular ferrite" in this context is apt to be confusing and the

label, acicular ferrite, should be reserved for the intragranular product formed
association with inclusions in coarse grains of austenite in weld metals or in
oxide inoculated hot rolled steels.

The Bainite Committee of the Iron and Steel Institute of Japan (ISIJ) (Araki et a

1990; Araki et al, 1991; Araki, 1992; Araki and Shibata, 1995) has also offered a
classification for ferritic transformation products in modern HSLA steels. The
ISIJ nomenclature is based on the detailed observations of the structures of low
carbon microalloyed steels transformed under defined conditions following hot

rolling or normalising. The Japanese classification (see caption to Figs. 4.1, 4
uses the terms granular bainitic "aB" and bainitic ferrite "a°B" to describe the
most common bainitic type structures formed in low carbon steels and' these
terms which are growing more widespread in use, are considered to be the most
appropriate descriptions for the bainitic structures observed in this
investigation.

Chapter Five

Discussion

132

52.6 Characteristics of Dispersed Island Phase

It was observed that martensite is the dominant microconstituent of the resid
second "phase" in the specimens either isothermally transformed in the
intermediate temperature range (580-430 °C) for a short period of time (5

seconds) (Figs. 4.14, 4.15, 4.20) or continuously cooled at moderate rates (Fi

4.39). The martensitic products formed in steel could generally be differentia

by the transformation substructure: twinned substructure (plate martensite) an
dislocated substructure (lath martensite) (Krauss and Marder, 1971; Krauss,
1990), with these morphologies depending primarily upon the carbon content
(Kelly and Nutting, 1961; Speich and Leslie, 1972; Krauss, 1990). Typically,
plate martensite is produced in high carbon alloys containing more than 0.8%

carbon (Speich and Leslie, 1972; Krauss, 1990), while lath martensite is formed
in low carbon low alloy steels with less than about 0.2% carbon (Speich and
Leslie, 1972). Alloys with intermediate compositions exhibit both martensite
morphologies.
The observation of twinning in TEM strongly depends on the foil orientation

and contrast conditions which vary from position to position. Thus it is almost
impossible to determine precisely the amount of twinned martensite formed in
dark contrasting islands. However, it was found that a twinned substructure
was formed in about 20% of the residual second "phase" in the specimens
transformed at intermediate temperatures and cooling rates (Figs. 4.14, 4.15,
4.18, 4.20, 4.39). The volume percentage of residual phase in the specimen
isothermally transformed at 480 °C for 5 seconds (Figs. 4.2(a), (b)) was about
5% with an average carbon content calculated to be about 0.6%. According to

work carried out by Speich (1969), the quenched structure of a steel containing
0.45-0.55%C should be typically lath martensite with about 25% twinned
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substructure. Therefore, the level of carbon partitioning into residual austenite
estimated in the present case for the intermediate temperatures and cooling rates
is consistent with the findings of Speich (1969) for higher carbon martensitic
structures.

In the present work, the bainitic structures obtained by isothermal and
continuous cooling transformations at intermediate temperatures and cooling
rates consisted of parallel bainitic ferrite crystals associated with minor dispersed
residual phase. The residual phase was identified by T E M micrographs and
diffraction patterns as martensite-austenite ( M A ) constituent, untempered lath
and twinned martensite, autotempered twinned and dislocated martensite, and
ferrite "containing cementite particles, depending

on the level of carbon

supersaturation of the austenite and the transformation temperature and time.
The bainitic structures formed over the intermediate temperatures and cooling
rates are consistent with the carbide-free bainitic structures reported by several
investigators for low carbon low alloy steels (Bojarski and Bold, 1974; Lee et al,
1987; T h o m p s o n et al, 1988).

52.7 Retained Austenite
A small but significant volume fraction of the high temperature austenite phase
was stabilised at room temperature either in the rapidly cooled or water
quenched specimens (Figs. 4.8, 4.43, 4.44, 4.46). The stabilisation of metastable
austenite can be attributed to several mechanisms (Speich and Leslie, 1972; Lai
et al, 1974; Carlson et al, 1979; R a o and Thomas, 1980). In general, it can be
expected that fee stabilising elements have a significant influence on the volume
fraction of retained austenite at room temperature. The role of fee stabilising
elements can be related to their ability to expand the stable austenite region of
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The M s temperature is lowered,

increasing the likelihood of retaining austenite at room temperature. Howeve
has been well demonstrated by Thomas and Rao (1978) that the austenite can

be stabilised in low carbon low alloy steels whose bulk Ms and Mf temperatures
are above room temperature. Furthermore, Rao et al. (1975) have been able to

resolve small quantities of retained austenite even in very low carbon unall
steels. However, according to Clark and Thomas (1975), the presence of

interstitial carbon alone is not a sufficient condition for stabilisation of

at room temperature in the as quenched condition. They reported no resolvable
quantities of retained austenite in the as quenched microstructure of medium
carbon steel modified with up to 4%Mo additions. Therefore, the interaction
between the interstitial and substitutional elements must have an important
in the stabilisation of austenite in as quenched samples.

Interstitial C and N can stabilise austenite at room temperature in the foll
ways.

1. They can be physically redistributed from the lath martensite to the

surrounding austenite during martensitic transformation. This partitioning c

lower the local Ms temperature sufficiently below room temperature so that th

austenite can be chemically stabilised at room temperature (Speich and Lesli

1972). In addition, it has been reported that the carbon content of austenite

adjacent to the growing ferrite can be determined from the extrapolated (a+y

boundaries in the metastable equilibrium phase diagram (Hehemann et al, 1972)

Subsequently, the interlath austenite resulting from a higher cooling rate w
therefore be more carbon enriched because of the low transformation

temperature, and higher carbon austenite is more resistant to the transforma
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to martensite. Therefore, this kind of austenite stabilisation would be more
effective during continuous cooling transformation (Figs. 4.43, 4.44, 4.46).

2. The second stabilisation effect is also related to the diffusion of interstit
and N to form dislocation atmospheres which inhibit dislocation motion. These
pinned dislocations can be either in the martensite/austenite interface which

directly inhibit interface motion, or can inhibit stress relaxation in the marte
or austenite (Rao and Thomas, 1980).

3. The third stabilisation effect is often referred to as mechanical stabilisati

This phenomenon is related to the plastic deformation in austenite resulting from
martensitic transformation (Rao and Thomas, 1980) and has been reported by
several investigators (Edmondson and Ko, 1954; Kelly and Nutting, 1961; Rao
and Thomas, 1975). Rao and Thomas (1975) have reported in detail the
accommodation of strain resulting from lath martensite formation. They

concluded that an increase in carbon content results in an increased dilatation i
the martensite and increased compression of the remaining austenite regions.

The mechanical stabilisation of austenite has also been attributed to the related
aspect of accommodation strain energy required for martensitic transformation

(Kinsman et al, 1977; Fultz and Morris Jr, 1985). In this regard, the stability o

an austenite pool is sensitive to its size and shape, e.g. a small thin pool ten

remain as retained austenite, because much more strain energy is required for the
thin pool to transform to martensite (Fultz and Morris Jr, 1985). This reasoning
is compatible with the present observations in which the thin residual austenite

pools in the form of interlath films tended to remain as retained austenite (Figs
4.8,4.41,4.43,4.44,4.46)
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Furthermore, it has been well documented in the principles of heat treatment of

steels that a higher austenitising temperature results in a higher volume frac
of retained austenite in the subsequent quenched microstructure (Lai et al,
1974; Carlsonetal, 1979; Webster, 1968, 1971a, 1971b). Lai et al. (1974) have

shown that a large increase in the amount of retained austenite was found in as
quenched AISI4340 type steel as the austenitising temperature was raised from
870 to 1200 °C. The reason for this phenomenon is not fully understood.

Webster's investigations (Webster, 1968, 1971a, 1971b) proved that the increase

in volume fraction of retained austenite was related to the higher solubility o

carbides and intermetallic precipitates at the higher austenitising temperatur
which resulted in a lower Ms temperature. Thus, a higher volume fraction of
retained, austenite can be obtained on subsequent quenching. However,
measurements by Lai et al. (1974) of the Ms temperature on specimens
austenitised at 870 and 1200 °C showed that the higher austenitising
temperature resulted in a decrease of only 10 °C in Ms temperature with no

apparent effect on the Mf temperature, and it was concluded that the decrease in
Ms was due to the large grain size obtained by austenitising at 1200 °C.
In the present case, several of the above factors may be responsible for the
observation of retained austenite. As well as significant amounts of fee

stabilising elements such as Mn, Ni and Cu in the alloy, the high austenitising
temperature (1200 °C) would also contribute to the stabilisation of austenite
through complete or partial dissolution of stable carbides (TiC, NbC) and some

of the nitride (TiN), providing the necessary interstitials in solution. As a re
the interstitial carbon and nitrogen can exert a strong influence on austenite
stabilisation by the mechanisms discussed above.
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5.3 Modelling of Austenite Decomposition
Kinetics During Continuous Cooling

53.1 Isothermal Kinetics Transformation of Austenite
The progress of isothermal transformation of austenite determined from the
dilatometry response is shown in Fig. 5.1 for the nominated temperatures.
Consistent with the observation from the TTT-diagram constructed

by

metallographic examination (Fig. 4.1), the isothermal kinetics data also showed
that the reaction w a s significantly accelerated at a lower temperature and this
phenomenon can be attributed to a larger thermodynamic driving force at a
lower temperature. A n analysis of data relating to the formation of ferritic
products indicates that the Avrami (1939) equation can be used to model the
progress of isothermal decomposition of austenite. According to the equation:
X=l-exp{-K(T)t n }

(5.1)

where X is the normalised volume fraction of ferritic products in the isothermal
holding time t, e.g., the ratio of ferritic fraction, Fx, to the total ferritic product, F,
formed (X = F x /F); K(T) is a constant which is a function of both nucleation and
growth rate; n is the time exponent.
Equation (5.1) can be rewritten as follows:
Log Ln(l/(1-X)) = n Logt + Log K(T)

(5.2)

in which a plot of Log Ln(l/(1-X)) versus Logt should give a straight line.
Figure 5.2 shows the L o g Ln(l/(1-X)) against Logt plot of the data shown in
Fig. 5.1. It is seen that the isothermal transformation data for each temperature
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Table 5.1 The values of the parameter "K(T)" and "n" obtained at different
isothermal transformation temperatures (TAe3 = 760 °C).
Temperature, °C

Log K(T)

K(T)

n

700

60

-2.4077

0.003911

0.89

650

110

-1.7354

0.01839077

0.95

600

160

-1.1588

0.06937452

1.3

550

210

-0.9604

0.10954688

1.64

500

260

-0.5626

0.27377892

2.5
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Fig. 5.3 Change in the rate constant of nucleation and growth (K(T)) as a
function of transformation temperature.
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lie well on the respective straight line over the entire transformation range. This

indicates that the formation of ferritic products in the steel studied can wel
expressed by equation (5.1). The values of the time exponent "n" obtained
from the slopes in Fig. 5.2 are indicated on the respective straight lines.

The rate constant K(T) in equation (5.1), which is a function of nucleation an
growth rate, depends only on the reaction temperature and can be obtained at

the nominated temperatures from the comparison of linear equations fitting the

data in Fig. 5.2 with that of equation (5.2). For example, the data for 600 °C
was fitted by the following equation:
Log Ln(l/(1-X)) = 1.3 Logt - 1.1588, R2 = 0.98 (5.3)
Comparing equations (5.3) and (5.2), the result is:
n = 1.3; LogK(600°C) = -1.1588 => K(600°C) = 0.069375. The isothermal

kinetics data are listed in Table 5.1 and Figure 5.3 is a plot of TAe3-T versu
The best equation to fit the data is:
K(T) = 0.0016e°

0206(TAe3 T)

- ; R2 = 0.9611 (5.4)

where T is in °C and TAe3 = 760 °C.

532 Additivity Rule and Continuous Cooling Transformation
Kinetics Data

Scheil (1935) was the first to define the additivity rule to predict the start
transformation under continuous cooling conditions. Scheil proposed that the
time spent at a particular temperature, tj, divided by the incubation time at

temperature, Ti, can be considered to present the fraction of the total incuba
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time required, when the sum of such fractions reaches unity, the transformat
begins to occur, e.g.,

t=t„

fl

t=o^

MAe3

•MAe

I

W

(5.5)

where, tAe3 is the time at which the temperature becomes T A e 3 (equilibrium
proeutectoid ferrite formation temperature) during cooling.

If the concept of Scheil's additivity rule is extended from the incubation t
the whole range of transformed fraction (from 0 to 100%), then the rule of
additivity is stated as: given an isothermal diagram for the time TX(T) as a
function of temperature, at which the reaction has reached a fractional

completion X, then the fractional completion on continuous cooling will be X
when the integral reaches unity,

dt d T = l
/TAC,
!Ae3

^

^

(5.6)

where, TAe3 is the equilibrium proeutectoid ferrite formation temperature (76

°C) and tAe3 is the time at which temperature becomes TAe3 during cooling at a

given rate. When a reaction is additive over the entire range of transformat
the transformed fraction, X, can be expressed by a simple equation. (;From
/

equation (5.1), the necessary time for isothermal fractional completion, X,
given by

^^'"iV" (5.7)
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Substituting equation (5.7) into equation (5.6), results in:

(

K(T) 1/n
dT = V(ln-i-) 1 / n
dT/dt
'"l-X

and then,
T

x=1 ex

1/n

' PHI s a ^ n

ii

(5.8)

Equation (5.8) gives the fractional completion X at temperature T during

continuous cooling with cooling rate dT/dt, when the transformed fractio

additive. In the present study, the applicability of equation (5.8) to t

ferritic transformation during continuous cooling was investigated in th
carbon ferritic steel.

Figure 5.4 shows an example of the dilatation measurements as a function
temperature in the specimen continuously cooled at 0.25 °C/s. At high

temperature, in the austenitic region (above 756 °C), the dimension of t
specimen decreases linearly with temperature. The slope of the curve

corresponds to the thermal expansion coefficient of austenite. At temper
below 627 °C, the austenite decomposition is almost completed and the

dimension of the specimen decreases linearly with temperature. The slope

this region corresponds to the thermal expansion coefficient of the ferr
During austenite decomposition, the dilatation curve shows an expansion

to the increasing atomic volume of the cooling phases produced (Sinha, 19
The fraction of transformed austenite during continuous cooling was
determined from the dilatometric response by the ratio BC/AC at each
transformation temperature (Fig. 5.4).
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Fig. 5.5 Continuous cooling decomposition kinetics data of austenite to ferritic
transformation products measured from dilatometry tests in the specimens
cooled at the nominated cooling rates.
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Figure 5.5 summarises the austenite cooling decomposition kinetics as a

function of temperature at the nominated cooling rates. It is apparent that the
transformation temperature range lies between 550-750 °C and that increasing
the cooling rate lowers the transformation temperature. Since the austenite to
ferrite transformation is a diffusional phase transformation, it requires time

initiate and progress. Increasing the cooling rate decreases the available time
nucleation and growth to occur, encouraging the transformation to occur at a
higher degree of super cooling where the driving force is larger.
The calculations of continuous cooling transformation from the extension of

additivity rule and isothermal kinetics data were carried out as follows. The t
exponent "n" determined from isothermal transformation kinetic data increases
with decrease in temperature (Fig. 5.2, Table 5.1). However, in the following
calculation the value of "n" was regarded as constant with temperature at its
average value of 1.15 in the temperature range of 550-750 °C, since the
continuous cooling decomposition data for austenite in Fig. 5.5 concerns this
temperature range. The transformation products for the cooling rates of 0.25-2

°C/s, associated with the data of Fig. 5.5, consist of polygonal/quasi-polygona

and Widmanstatten ferrite and granular bainite (Figs. 4.29, 4.32). Substituting
equation (5.4) into equation (5.8), the amount of ferrite transformed during
cooling is given as:

X=l-exp[-(| ( °-° 016SdT/dt

it

> TTJI

In the case of constant rate of cooling, e.g., dT/dt = -a °C/s; T A e 3 = 760 °C;
n=1.15; equation (5.9) becomes:
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Fig. 5.6 Comparison of the calculated (solid lines) and measured (solid symbols)
continuous cooling decomposition of austenite in the specimens cooled at
different rates.
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Fig. 5.7 Fine e-Cu precipitates associated with the peak age hardening of
bainitic ferrite structure aged: (a) 128 minutes at 500 °C; (b) 90 minutes at
550 °C.
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X=l-exp[-<-Jj

(0.0016 e00206(760-T))1/115dT

a

lL

I

]

(5.10)

It is obvious that equation (5.10) is only a function of temperature and all
relevant parameters have been determined from the isothermal transformation
kinetics data.

Figure 5.6 shows the fractional completions of ferritic products as a functi
temperature under various constant rates of cooling. The solid curves are
calculated from equation

(5.10) and

solid symbols are the

measured

transformation data. G o o d agreement is seen between the experimental results
and the predictions. This result indicates that the transformed fractions of
ferritic products are nearly additive, and cooling transformation of ferritic phases
can be well expressed by isothermal kinetic data.

5.4 Copper Precipitation Hardening

5.4.1 Age Hardening Sequence for Various Pre-Treated
Microstructures

A significant secondary hardening peak was observed on aging at temperatures
of 450, 500, and 550°C, not only in the martensitic structure but also in the
bainitic ferrite and the as rolled ferrite (Figs. 4.49, 4.50, 4.51). It is evident that
the extent of age hardening increases with decreasing aging temperature, and
this effect can be attributed to the progressively finer precipitate dispersions
generated at lower aging temperatures (Fig. 5.7). O n further holding at the
aging temperature, the hardness decreased because of selective coarsening and
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dissolution of precipitates (Figs. 4.56, 4.59). As would be expected, the r

softening increased with increasing aging temperature (Figs. 4.49, 4.50, 4.

The overall effect of quenching on the age hardening behaviour of this allo

due to the contribution from two processes: age hardening as well as temper

of the martensite. The formation of Cu-rich precipitates during aging lead
hardening; but tempering by carbide formation and coarsening, and

modification of the dislocation structure will result in a decrease in har

The form of the aging curves of quenched material can therefore be consider
to be a result of combination of these two processes. However, the aging

curves still show a significant hardness peak caused by copper precipitatio
hardening (Fig. 4.51).

The results showed that the general level of age hardening decreased in the

order: martensitic; bainitic ferrite and as rolled ferrite (Fig. 4.52). Thi

due in part to the displacive mechanism of bainitic ferrite and martensitic

formation and partly to the formation of a supersaturated solid solution wi

respect to Cu. The excess solute copper will come out of solution at rates

depend on the aging temperature and time. In addition to the supersaturated

solid solution, the higher dislocation density generated by low temperature

transformation to ferrite provides a multitude of nucleation sites for cop

precipitates, resulting in finer and more homogeneously distributed precip
I;

(Figs. 4.53, 4.58(b), 4.59). The presence of multivariant precipitation on' aging

indicates that the bainitic ferrite and martensitic structures have formed
enough at sufficiently low temperatures to be supersaturated with respect
Cu precipitation.
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In contrast to the bainitic ferrite and martensitic structures, interph
precipitates formed from ferrite during austenite decomposition on cooling after
hot rolling (Figs. 4.54, 4.55).

O n coarsening, these precipitates become

incoherent with respect to the ferrite matrix and as such, do not contribute
significantly to age hardening. Clearly, the full hardening potential of the alloy
was not achieved in the thermomechanical processing condition and a more
effective treatment to increase the hot rolled strength would involve accelerated
cooling to obtain more highly supersaturated ferrite after hot rolling and prior to
aging.

According to previous work on the effect of microstructures on the mech
properties of a Cu-bearing H S L A steel (Miglin et al, 1983), the optimum
combination of fracture toughness and transition temperature resulted from
microstructures containing a mixture of coherent (bcc clusters) and incoherent
(e-Cu) copper precipitates. In the peak-aged microstructures of the present
study (particularly for the martensitic and bainitic ferrite cases), a very fine ecopper precipitate distribution was usually observed on dislocations, which
evidently acted as sites for precipitate nucleation and growth (Figs. 4.53(b),
4.58(b)).

These fine e-Cu precipitates contribute to strengthening by

precipitation hardening and unresolved coherent bcc clusters and coherent fee
e-Cu particles provide an additional increment in strength. Coarser incoherent
e-copper precipitates have been found to inhibit localised slip and formation of
dislocation pile ups at grain boundaries (Miglin et al, 1986).

The current

observations suggest that the formation of a very fine coherent e-Cu precipitate
distribution is the principal hardening mechanism in this alloy system and that
over-aging is due to the coarsening of incoherent e-Cu precipitates.
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Table 5.2 A g e hardening of various pre-treated structures
at different aging temperatures.
Temperature, ° C

450

500

550

Structures

Hs

Bainitic ferrite

200

253

53

Ferrite

185

234

49

Bainitic ferrite

200

245

45

Ferrite

185

232

38

Bainitic ferrite

200

233

33

185 216

31

Ferrite

Hs, Hardness of solution treated samples;
Hp, Peak hardness of aged samples;
AH, Difference between Hp and Hs.

Hp

AH
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5.42 Effect of Aging Temperature on Aging Behaviour of
Various Pre-Treated Microstructures

The age hardening results indicated that the aging sequence was signific

accelerated by aging temperature for these pre-treated structures used i

study (Figs. 4.49, 4.50, 4.51). The material with the bainitic ferrite st

reached peak hardness after 240 minutes at 450 °C, but it took 120 minute

500 °C and 90 minutes at 550 °C. It is obvious that increase in temperatu

accelerates aging of the alloy due to increase in diffusion rate which in

enhances both nucleation and growth of Cu-rich precipitates. On the other
hand, despite a higher driving force for precipitation at a lower aging

temperature, both nucleation and growth rates of copper rich precipitate
reduced because of low diffusivity of solute elements.

It should be noted that the growth rate of copper-rich precipitates incr

the temperature increases and this can be seen from the bainitic ferrite
in the samples with peak hardness aged at 500 and 550 °C (Fig. 5.7). The

precipitates in the sample aged at 500 °C are much finer compared to thos

the sample aged at 550 °C, indicating that growth of the precipitates is
higher temperature. Faster kinetics of copper precipitation reduces the

time required to reach the peak hardness significantly, but at the cost o

hardening capacity (Table 5.2). The data in Table 5.2 show that the value
(
•
'

AH (difference between the pre-treated hardness and peak hardness) for th

various pre-treated microstructures decrease with increasing aging tempe
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5A3 Effect of Time and Temperature on Age Hardening
Response of Various Pre-Treated Structures
In order to form e-Cu precipitates on aging, diffusion of Cu is necessary.
Therefore, the precipitation hardening response is time and temperature

dependent. The next stage of the investigation was designed to determine th
optimum temperature and time to obtain the maximum precipitation hardening
of various pre-treated structures.

The effect of time on the precipitation hardening response of Cu is illust

Figs. 4. 49, 4.50, 4.51. Time at temperature appeared to have a marked effe
hardness. For any given aging temperature, peak hardness was reached after

given aging time, with longer times resulting in softening. As expected the
required to reach maximum hardness by copper based precipitation hardening
became shorter at a higher aging temperature.

Considering the age hardening results of this work, the temperature depend
of aging process can be examined more clearly if an Arhennius type rate

equation for the time to reach peak hardness (t) for various aging tempera
(T) is applied to the experimental data, e.g.,
l/t = AeQ/RT (5.11)

where A = constant, T = absolute temperature (K), R = universal gas constan
(8.314 Jmole'K"1) and Q = activation energy for copper diffusion. Equation
(5.11) can be rewritten as follows:

Lnt=-1-LnA
RT

(5.12)

Discussion

Chapter Five

10Bainitic Ferrite
9.5-

9-

3

8.5-

8 -

7.5>
0.0012

Martensite

1

0.0013

I '
0.00135

0.0014

1/T, (K" 1 )

Fig. 5.8 Time to peak hardness as a function of aging temperature for the
various pre-treated structures.
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Table 5.3 Activation energy for the aging process
for the various starting structures.
Structures

Activation energy, J/mole

Ferrite

121,240

Bainitic ferrite

87,750

Martensite

61,080
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in which a plot of Lnt against 1/T should give a straight line. The slope

resultant line indicates the value of Q/R. When the experimental data of

pre-treated structures (ferrite (F); bainitic ferrite (BF); and martensi
examined in this fashion (Fig. 5.8); the resultant lines of best fit had
following equations;

Ln t = 14,589^ - 10.537 (F)

Ln t = 10,554^ - 4.709 (BF)

Lnt = 7,347^-1.653 (M)

where t is in (s) and T is in (K). The activation energy of copper diffu

structures are calculated from these equations according to equation (5.1

calculated activation energies for the aged structures presented in Tabl
expected to be close to the activation energy for diffusion of copper.

Table 5. 3 indicates that the activation energy for the process in ferri

two times that of martensite. Furthermore, the experimental value of Q fo

is much lower than the value of Q for copper diffusion in oc-Fe between 6
700 °C found in the literature: Qcu = 244,382 J/mole (Anad and Agarwala,
1966). The discrepancy between these observations may be explained as
follows. i

It is well known fact that a diffusion process occurs through the interio

grains, along the grain boundaries and on the dislocations in a polycryst

material (Smallman, 1985). In the commercial specimens aged in this work,
combination of these diffusional processes is operative during the aging
treatment. The martensitic structure was characterised by interconnected
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with a heavy dislocation density compared to hot rolled polygonal/quasi
polygonal ferrite. The higher dislocation density provides low energy sites for
diffusion.

Although copper diffusional processes occurring in martensitic structur
a combination of diffusion through the laths, along the lath boundaries and
dislocations, diffusion along dislocations is probably the dominant type process
because it requires a lower activation energy. In general, diffusion along grain
boundaries and dislocations tends to progress more rapidly than diffusion
through the grains, but volume diffusion is more sensitive to temperature
change. Thus, as the temperature is raised, the rate of diffusion through the
crystals increases more rapidly than the rate of diffusion along the grain
boundaries and dislocations. Conversely, as the temperature is lowered, the rate
of diffusion along the grain boundaries decreases less rapidly. The net effect is
that at very high temperatures diffusion through the crystal tends to be the
dominant mode, but at lower temperatures diffusion at the grain boundaries and
dislocations become dominant.

The experimental results may be explained by regarding the relationship
between these two mechanisms of diffusion. As mentioned earlier, diffusion
along the grain boundaries and dislocations which dominant at lower
temperatures occurs more easily than within the crystal, i.e., it requires a lower
activation energy.

Furthermore, the activation energy of copper diffusion

reported in the literature was determined for polycrystalline Fe-Cu specimens at
higher temperature (>650 °C) and as such is more liable to be representative of
copper diffusion within the grains. Therefore, it can be argued that since the
values of QE X P . for various pre-treated structures were determined at
temperatures <550 °C, it should correspond to a combination of grain boundary
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Beam
Direction

(a)

(b)
Fig. 5. 9

Diagram indicating h o w for certain grain orientations, precipitate

sheets can appear as a random distribution of particles in untilted foils: (a)
precipitate sheets obscured; (b) precipitate sheets evident.
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and dislocation diffusion at these lower temperatures, resulting in a substantially
lower activation energy than the value reported in the literature.
However, it should be noted that the literature value for the activation energy
may not be relevant as it is based on the diffusion of C u in Fe, rather than the
complex

Fe-Mn-Si-Ni-Cu

containing

alloy investigated

in this work.

Alternatively, diffusion of copper may not be the process which determines the
measured activation energy.

5.4.4 Copper Precipitate Morphology

5.4.4.1 Planar interphase precipitation

Observation of thin foils indicated that there was a significant variati
copper precipitate morphology within the same specimen and often within the
same grain. The majority of grains, where precipitates could be detected,
exhibited an apparently random distribution of e-Cu precipitates (Figs. 4.9, 4.10,
4.37, 4.54, 4.57). However, most of the precipitates had the same orientation, as
clearly revealed by the contrast of precipitates in the centred darkfieldimage
micrographs (Figs. 4.9, 4.10, 4.37, 4.54, 4.57). This result indicates that the
particles have the same variant of the K-S orientation relationship, and that the
apparently random dispersion is due to foil orientation (Fig. 5.9). Selective
coarsening and dissolution of the precipitates were also inferred because of
precipitate free zones around the coarse particles (Figs. 4.9, 4.10, 4.37, 4.56(b)).
This copper precipitation morphology

is analogous

to the interphase

precipitation of carbides found in low alloy steels containing strong carbide
forming elements (Honeycombe, 1976; Ricks and Howell, 1983), and has been
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termed "coherent interphase precipitation" (Honeycombe, 1976; Ricks et al,
1979).

Copper precipitate dispersions were also observed which appeared to be form
in accordance with the planar interphase precipitation model (Figs. 4.11, 4.55).
The particles he in regularly spaced layers in the polygonal and/or quasipolygonal ferrite grains. This characteristic distribution resulted from the
formation of precipitates on successive positions of a semi-coherent y/oc
interface migrating by lateral ledge motion.

Figures 4.11 and 4.55 clearly

demonstrate the planar nature of the y/a interface associated with this m o d e of
precipitation. The precipitates were usually uniform in size and bright field and
centred dark field images (Figs. 4.11, 4.55) indicated that most of the precipitates
have the same variant of the K-S orientation relationship.
At lower transformation temperatures (<640 °C), the planar interphase e-Cu
precipitate dispersions were generally finer than those observed for higher
transformation temperatures. The incidence of planar interphase precipitation
increased, corresponding to an increase in the extent of ferrite growth by ledge
migration along semi-coherent, planar boundaries, and indicated by the
prevalence of faceted (quasi-polygonal) ferrite grains (Fig. 4.3).

It has been well established (Campbell and Honeycombe, 1974; Aaronson et al
1978; Ricks et al, 1979) that such regularly spaced sheets of precipitates are
associated with the lateral movement of ledges along a low energy interface
which implies a Kurdjumov-Sachs orientation relationship between austenite
and ferrite, and a {lll}y/{110}oc interfacial plane. The presence of this type of
precipitation has been reported in association with the formation of polygonal
and quasi-polygonal ferrite (Campbell and Honeycombe, 1974; Ricks et al.
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1979) as well as the growth of Widmanstatten ferrite plates (Ricks et al, 1979;
Howell et al, 1980).

For the case of Widmanstatten ferrite formation, the

interphase precipitation can develop during the ledge growth of the plates with
the planar sheets of precipitates closely parallel to the broad faces of the
Widmanstatten ferrite plates (Ricks et al, 1979; Howell et al, 1980).
In the present work, the observation of planar sheets of interphase e-Cu
precipitates (Figs. 4.11, 4.55), implies that the precipitates formed on the low
energy immobile y/a interfaces which are considered to grow via a ledge
mechanism. This provides further supporting evidence that the quasi-polygonal
(faceted) grains, which form in this alloy, grow by the movement of ledges along
immobile low energy phase boundaries (Fig. 4.3).
Although the planar interphase precipitation m o d e was the dominant type of
copper precipitate morphology in this alloy system, it should be noted that
interphase copper precipitation can also occur at successive positions of
migrating incoherent y/a interfaces, leading to less regularly spaced, curved
layers of particles.

This curved m o d e of precipitation was observed in

laboratory treated Fe-Ni-Cu alloys and has been termed "incoherent interphase
precipitation" (Ricks et al, 1979).

No

incoherent

interphase

copper

precipitation was detected in this study probably because of the significant
suppression of polygonal ferrite formation.

5.4.4.2 Multivariant precipitation
For a transformation temperature in the intermediate transformation zone
between those of polygonal/quasi-polygonal ferrite and martensite (580-430
°C), interphase copper precipitation was not detected within the isothermally
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formed ferrite. However, fine uniformly distributed e-Cu precipitates in multiple
variants of the K-S orientation relationship were observed after aging (Figs.
4.53, 4.58(b), 4.59). This mode of precipitation is commonly observed in the

aged martensitic and bainitic ferrite samples and has been characterised by the
existence of multiple variants of the K-S orientation relationship due to

intragranular rather than interfacial precipitation (Figs. 4.53, 4.58(b), 4.59)
Precipitates formed uniformly throughout the martensitic and bainitic matrices
giving rise to copper rich clusters and/or fine e-Cu precipitates.

In some fields the multivariant e-Cu precipitates appeared to have formed along

dislocations particularly in the martensitic and bainitic structures (Figs. 4.5
4.58(b), 4.59). In these cases, the spherical morphology of copper rich
precipitates was not initially obvious due to the small particle size and high

coherency of particles with the bainitic and martensitic matrices, but it becam
evident during longer aging time as the particles grew and preferential
coarsening occurred (Fig. 4.59). However, coarsening was relatively slow, and
even after 240 minutes aging time at 550 °C, the spherical e-Cu precipitates
were only about 15nm in diameter for the martensitic structure (Fig. 4.59).

The multivariant dispersions of copper precipitates were distinctly different f

those of the coarse interphase precipitates observed either at higher isotherma

transformation temperatures or in hot rolled plate steel (Figs. 4.9, 4.10, 4.37

4.54, 4.56, 4.57). The formation of multivariant precipitates indicates that th

martensitic and bainitic ferrite structures had transformed sufficiently rapidl
sufficiently low temperatures to be supersaturated with respect to e-Cu

precipitates. This is the reason why the full hardening potential of hot rolled
plate steel was not achieved in the normal thermomechanical processed
condition. Further reductions in cooling rate would have allowed the formation
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of more, and coarser, interphase precipitates.

Alternatively, even higher

strengthening could be obtained if the cooling rate was higher, to form
supersaturated ferrite, with a subsequent aging treatment to produce a very fine
distribution of multivariant precipitates.

5.4.43 Precipitate morphology in the various pre-treated
microstructures aged at different temperatures

Precipitation of e-Cu was not detected in the pre-treated microstructures of t
as quenched (martensitic) and isothermally transformed (bainitic ferrite) samples,
as expected for the fast cooling rates generated by quenching in water to
ambient temperature or to the salt bath temperature of 440 °C (Figs. 4.53(a),
4.58(a)). However, Cu-rich precipitates were formed from supersaturated solid
solution during subsequent aging treatment.
The pre-treated conditions resulted in two distinct forms of e-Cu precipitation;
planar sheets and fine randomly distributed precipitates.

Examination of

centred dark field and brightfieldimages revealed the following correlations
between

precipitate

form

and

diffraction

effects

in

the

pre-treated

microstructures used in this work.
1. Apparently random and clearly planar layers of e-Cu precipitates displayed a
single variant of the K-S orientation relationship indicating formation by
interphase precipitation at y/a interfaces during ledge-type growth of the ferrite
in the hot rolled plate steel.
2. T h e fine precipitates, distributed throughout the aged bainitic and martensitic
matrices, displayed multiple variants of the K-S orientation relationship. The
characteristics of these two modes of precipitation are as previously described.
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It should be emphasised that it was only intended to achieve a qualitative

understanding of the copper precipitation hardening process operative in t

commercial HSLA steel and the effect of aging from alternative ferritic st

to the hot rolled ap/aq structure. Assessment of precipitate size and shee

spacings have not been attempted in detail as such information is difficul

quantify and was not considered to be of especially relevant importance to
investigation.
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6.1 Introduction
Decomposition of austenite during isothermal and continuous cooling
treatments has been studied in conjunction with copper precipitation hardening
in a low carbon (0.055%C), Cu-bearing H S L A steel containing significant
additions of manganese, nickel and copper. The main conclusions are presented
in the same sequence in which the results and discussion have been arranged
and are outlined in the following sections: Isothermal Transformations and
Products; Continuous Cooling Transformations and Microstructures; and
Copper Based Precipitation Hardening.

6.2 Isothermal Transformations and Products
1. Despite a calculated Ms and Mf of 430 and 230 °C respectively, the high
temperature austenite phase was stabilised at room temperature asfilmsaround
martensitic laths after quenching

from a high austenitising temperature

(1200°C).
2. The austenite transformed to ferritic microstructures with morphologies and
substructures which are a function of transformation time and temperature.
Polygonal and quasi-polygonal ferrite formed at relatively high transformation
temperatures and these structures were characterised by low dislocation
densities and contained e-copper precipitates formed by
transformation mechanism.

an interphase

The presence of e-copper precipitates provides

evidence for long-range substitutional atom diffusion during high temperature
ferrite formation, as well as transformation of austenite by a ledge mechanism.
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3. At intermediate transformation temperatures (580-430 °C), the microstructur
was characterised predominantly by parallel ferrite laths with a high density
dislocations, which have a similar crystallographic orientation within each
packet. Dark contrasting residual second "phase" was present which resulted

from transformation of pools of carbon enriched austenite, either at temperatu

or on quenching. For a short holding time (5 seconds), the residual constituen
was identified as mixed martensite-austenite (MA) constituent, autotempered
twinned and lath martensite, or untempered twinned and lath martensite,

depending on the level of carbon partitioning in the remaining austenite regio
before quenching in water.
4. The martensite and austenite in the MA constituent showed the K-S
orientation relationship.
5. Dislocated lath martensite formed in carbon enriched austenite islands
exhibited a twin relationship with its adjacent bainitic ferrite lath.
6. Fine carbides which formed by autotempering were observed on martensite
twin boundaries within the MA constituent and showed an orientation
relationship with the martensitic ferrite consistent with a variant of the
Bagaryatskii relationship.
7. Coarse carbide platelets formed in remaining austenite pools during
prolonged holding at temperatures in the range 480-440 °C. The nature 'of the

carbide and its crystal orientation indicated that decomposition of austenite
occurred by coupled growth of ferrite and carbide.
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6.3 Continuous Cooling Transformations and
Microstructures
1. The continuous cooling transformation (CCT) diagram for the low carbon
steel was constructed by a combination of dilatometry and metallographic
observations. The CCT-diagram exhibited multilayer transformation

characteristics which involved curves for the evolution of various ferriti
products and a curve for the subsequent decomposition of remaining carbon
enriched austenite pools at lower temperatures.
2. The polygonal and quasi-polygonal ferrite, which formed at high

temperatures during slow cooling, were observed to grow across and elimina

the prior austenite grain boundaries. These ferritic transformation produc
characterised by relatively low dislocation density and contained e-Cu
precipitates formed by interphase precipitation.

3. Between the formation temperatures of polygonal/quasi-polygonal ferrite
and martensite, the intermediate transformation products can be classified

ferritic products: Widmanstatten ferrite (aw), granular bainitic (aB) and b

ferrite (a°B). Both kinetic and metallographic data showed that the bainiti
transformation products (aB, a°B) formed by two typical stages of

transformation: (i) the formation of ferrite laths; and (ii) the subsequent

f
decomposition of retained carbon enriched austenite regions to martensite
lower transformation temperatures. The carbon enriched austenite

decomposition products typically consisted of martensite and austenite (MA

constituents with the martensite being twinned, dislocated or a mixture of

types depending on the level of carbon partitioning in the remaining auste
pools and as well on the cooling rate.
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4. The carbon enriched austenite pools which decomposed partially to
martensite showed the K-S orientation relationship between the retained
austenite and the martensite.
5. The interlath filmlike phase between ferritic laths produced on rapid
continuous cooling (160-375 °C/s) was confirmed to be retained austenite. The
lath ferrite structures formed in association with interlath continuous retained
austenite films are considered to be bainitic ferrite because of their higher
transformation start temperature than the calculated M s temperature, the
characteristic feature of large groups of "identical" ferritic laths which
nucleated directly at the prior austenite grain boundaries, and the lower
hardness and lower dislocation density compared with lath martensite.

6. The granular bainitic structure was characterised by more globular dispers
islands of martensite and/or austenite constituents in a relatively non-acicular
ferritic matrix.

This microstructure is considered to be formed by the

coalescence of wide Widmanstatten and bainitic ferrite crystals.

7. Both the granular bainite and the bainitic ferrite contained islands which
consisted at least in part of twinned martensite. Bainitic ferrite formed on very
fast cooling contained interlath continuous retained austenite films.
8. The Kurdjumov-Sachs orientation relationship was confirmed between the
parent austenite and bainitic ferrite laths. The formation of interlath retained
austenitefilmscan be explained by mechanical stabilisation (size and shape of
austenite) as well as the partitioning of carbon and nitrogen to the remaining
austenite near its interface with the ferritic laths during continuous cooling
transformation. The high austenitising temperature (1200 °C) m a y also have
contributed to austenite stabilisation.
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9. A method to predict the cooling transformation for cooling rates < 2 °C/s
using isothermal transformation data was developed. Using the assumption that
austenitic decomposition is additive over the transformation temperature range,
a quantitative equation for transformation kinetics during cooling was derived
by back calculating an effective Avrami equation with a mean value of the time
exponent of n=1.15 for the temperature range of 550-750

°C

and

K(T)=0.0016e00206(TAe3-T) (TAe3 = 760 °C) obtained from isothermal kinetic data.
The predicted results, based on an assumption of additivity, are in reasonable
agreement with the experimental results.

6.4 Copper Based Precipitation Hardening

1. Although precipitation strengthening in low carbon Cu-bearing steel
considered to be due to formation of coherent copper rich clusters, the peak
hardness in the investigated low carbon steel was associated with veryfineeC u precipitates formed on dislocations. The hardness decreased with overaging
as a result of selective coarsening and dissolution of copper precipitates.
2. Age hardening by Cu-rich precipitates depended strongly on the pre-treated
condition, decreasing in peak hardness level in the order: as quenched
(martensitic); isothermally transformed (bainitic ferrite) and as rolled condition
(polygonal/quasi-polygonal ferrite).

-:

3. The existence of a high dislocation density accelerated and refined the
formation of coherent copperrichclusters andfinecoherent e-Cu precipitates,
and subsequently aging was accelerated and intensified. The high dislocation
density provided a multitude of nucleating sites for copper precipitation, leading
to finer and more homogeneously distributed coherent particles.
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4. Increasing the aging temperature significantly accelerated formation and
coarsening of the copper rich precipitates.

5. Significant copper precipitation occurred in the thermomechanical processin
condition and therefore the full strengthening potential of the alloy was not
achieved by the subsequent aging treatment. The maximum strengthening by
precipitation hardening would be expected for processing which involves

accelerated cooling after finish rolling to form more highly supersaturated fe
prior to aging. Water quenching to form martensite and quenching to 440 °C to
form bainitic ferrite suppressed precipitation during cooling, resulting in
increased supersaturation of Cu in the matrix.
6. For any given aging temperature, peak hardness was reached after a given
time with longer times resulting in softening. As expected, the time to reach
peak hardness through the precipitation of copper and the formation of Cu
clusters became shorter as the aging temperature was raised. For aging

temperatures (T) between 450 and 550 °C, the time to reach peak hardness (t) i
described by the equations;

Lnt(s) = 14,589 -J— - 10.537 (Ferrite)
T(K)

Lnt(s) = 10,554 -J— - 4.709 (Bainitic Ferrite)
T(K)
(•

Lnt(s) = 7,347 -J— - 1.653 (Martensite)
T(K)

7. The activation energies associated with the age hardening process of variou

pre-treated structures (polygonal/quasi-polygonal ferrite (F), bainitic ferrit
martensite (M)) were measured to be QCuF = 121,240J/mole, QCuBF = 87,750J/mole

Chapter Six

Conclusions

162

a n d Q C u M = 61,080J/mole. The calculated values of activation energy are lower
than the value for bulk diffusion of C u in ferrite (244,380J/mole), but are
consistent with a strong contribution by grain boundary and dislocation
diffusion.
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